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ABSTRACT
Three grades of hexagonal close-packed titanium, with
increasing impurities, one with four different grain sizes,
and also a titanium-aluminum alloy have been subjected to
severe plastic deformation by wire drawing, producing
homogeneous deformation essentially equivalent to that of
uniform tensile elongation. The strain-hardening
characteristics were studied by means of tensile true stress-
true strain curves. Electron microscopy and X-ray measure-
ments were also carried out to determine the mechanisms
controlling the strengthening.
The strain-hardening rate of these titanium-base
materials at room temperature is large and approximately
linear (after an initial parabolic stage) upto the maximum
strain achieved in the wire drawing, i.e. a strain of 4 to 6.
The strain-hardening rate increases with increasing
interstitial content, whereas the variation of grain size and
the addition of substitutional aluminum seem to have a
negligible effect on this rate. The Hall-Petch relationship
is obeyed, but the effect of grain size on flow stress
becomes smaller with increasing strain.
The high-purity titanium shows cellular hardening, the
strength of the drawn wires (0) being controlled by the
transverse cell size (d) of the dislocation substructure
according to an equation of the form a = a + kd-1. However,
the more-impure grades of titanium and the titanium-aluminum
alloy strain harden by increasing dislocation density, in
which a forest-intersection mechanism of strengthening is
probably operative. A model is presented for cellular
strengthening on the basis of the interaction of glide
dislocations with dislocations in the cell walls.
A <1010> wire-texture develops gradually in the
titanium with increasing strain, but this is not a major
factor in the strain-hardening process.
The high-purity titanium shows formation of dipoles
and short dislocations leading to a cellular structure,
whereas the commercial grades and the titanium-aluminum alloy
show long, straight and parallel screw dislocations on prism
planes, becoming denser at higher strains. The difference
in the above two dislocation structures is attributed (a) to
an increasing drag force, due to the interstitial solutes, on
the screw dislocations compared to edge dislocations, and
(b) to an increasing difficulty of cross-slip arising from
the higher friction stress and/or lower stacking-fault energy.
An increase in stacking-fault probability (i.e. a decrease in
stacking-fault energy) was observed experimentally with
increasing impurity content of titanium. The cellular
formation noted in the high-purity titanium is explained by
the generation of edge-dislocation dipoles and cross-slipping
on to the basal planes and the subsequent interaction with
moving dislocations.
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1. INTRODUCTION
The strain-hardening behavior of body-centered
cubic (BCC) metals and face-centered cubic (FCC) metals at
a very high plastic strain is receiving increased
attention. In the case of BCC metals, the rate of strain
hardening is linear, whereas in the case of FCC metals the
strength levels off at high strains(l-6). In the present
work, the strain-hardening characteristics of a hexagonal
close-packed (HCP) system have been studied. The metal
selected was titanium because of its relatively high
ductility among other HCP metals. Also, because of its
developing industrial application in recent years, titanium
and its alloys have aroused particular interest in the
attainment of higher levels of strength and toughness. The
strength level of titanium can be increased by adding
solid-solution elements, interstitial as well as
substitutional, or by decreasing the grain size. The
contribution of these factors to the strain-hardening
behavior of titanium has also been examined here.
The high strains were achieved by wire drawing
through dies designed to produce as nearly homogeneous
deformation as possible. Tensile tests were conducted to
plot true stress-true strain curves of the annealed and
the drawn wires to reveal the strain-hardening
characteristics. Optical and electron microscopy and X-ray
texture measurements were used to study the development of
dislocation substructures and wire-texture and their
correlation with the mechanical properties developed by
the strain hardening. It should be noted that throughout
this work the true stress is defined as the load divided
by the instantaneous cross-sectional area, taking into
consideration the Bridgman correction where necessary,
while the true strain is defined as the natural logarithm
of the ratio of final to original length or (assuming
constant volume) the natural logarithm of the ratio of
original to final cross-sectional area.
2. REVIEW OF THE LITERATURE
2.1 Strain Hardening Due to Wire Drawing
BCC metals strain harden extensively by wire
drawing with a decreasing rate of strain hardening at low
strains, followed by a linear rate of hardening at higher
strains(1-5). This behavior contrasts with that of FCC
metals which strain harden at a decreasing rate at low
strains, but at high strains the strength tends to
saturate(1,6).
For iron alloys, there is only a minor effect of
substitutional alloy content on the rate of strain
hardening above unit strain. The greater the solid-solution
strengthening in an annealed iron, the greater is the
increase, although minor, in rate of work hardening.
Embury, Keh and Fisher(7) noted that the strengthening of
various drawn metals is related to the scale of the cellular
substructure generated by the deformation process. In fact,
they found an inverse-square-root dependence of the
strength of drawn wire on its cell size, analogous to the
Hall-Petch relationship for the grain-size strengthening
of annealed metals. But Langford and Cohen(3) and Rack and
Cohen(4) concluded that strengthening during wire drawing
of iron is a linear function of l/d, where d is the mean
linear-intercept between cell walls on a transverse section.
Subsequently, it was discovered that the misorientation
between cells also increases linearly with strain(8),
indicating that the cellular misorientation probably also
plays a role in the strengthening. Recently Langford and
Cohen(9) noted that there exists an approximate cellular
misorientation below which a cell wall is penetrable by
mobile dislocations, and above which it is not. This angle
lies somewhere between 2 and 10 degrees for a Fe-0.007 wt
pct C alloy. Accordingly, they concluded that the flow
stress is dictated by both the scale of cellular
substructure, which controls the slip distance, and the
orientation relationships between individual cells, which
governs whether a cell wall will act as forest-dislocations
or as a complete barrier to glide dislocations.
Embury et al. (7) interpreted the continuing
decrease in strain-hardening rate of FCC metals (copper, in
particular), as opposed to the steady, linear hardening
rate of BCC metals (like iron), to a more rapid rate of
dynamic recovery in the copper than in iron. As a result,
the cell size of the copper levels off to a larger value
during wire drawing than in the case iron. They proposed
that the difference in rate of recovery might be due to the
strong interstitial pinning of dislocations in the BCC
metals.
2.2 Deformation Behavior of Titanium
Slip in a-titanium has been observed on all three
sets of slip planes commonly observed in hexagonal metals,
viz. prismatic planes {1010}, pyramidal planes {(011} and
basal planes (0001) (10-12), the {1010} planes being the
principal ones. The prismatic and occasionally basal planes
are the operating slip planes at low interstitial
concentrations(10,12) and the prismatic planes (as primary)
and the basal and pyramidal planes (as secondary) are
operative at higher interstitial concentrations(12).
Churchman(12) has suggested that the preference for
pyramidal slip with increasing interstitial content can be
explained from geometrical considerations, in that the
effective interstitial content "seen" by a dislocation
moving on a pyramidal plane is only one-half that "seen" by
dislocations moving on either the prismatic or basal planes.
In all cases, the Burgers vector has been
determined to be a(3 <1120>) on all three slip planes in
a-titanium. Some recent investigations using electron
microscopy have disclosed that dislocations with a (c + a)
Burgers vector (- <1123>) (13-15) are also present. The
(C + a) Burgers vector was observed on {1011} planes only.
The operation of this system, {1011}<1123> provides the
fifth slip system necessary to satisfy the Von Mises
criterion, because a <1120> type Burgers vector cannot
provide more than four independent slip systems, no matter
how many slip planes are operating. However, no data are
yet available on how freely these (c + a) type dislocations
can move.
In addition to the above deformation modes,
extensive twinning has also been found to occur in a-titanium
during deformation. Twin planes have been reported as
{1012}(11,12), {121}(11,12), {1122}(11,12) and {1124}(15).
The {1122} and {1124} are less common and their shuffles are
complex. The frequency of twinning is decreased by raising
the temperature or increasing the interstitial content.
Complex kinking has been observed in a-titanium
after tensile straining (-10 pct) or at local stress
concentrations(16-18). The bend plane is a simple {l120}
tilt boundary containing dislocations with an a Burgers
vector. Bend planes parallel to {1010} have been frequently
noted too, often associated with twins(19-21). These
accomodation kinks are composed of two different a type
Burgers vectors.
In addition to strongly influencing the slip mode,
interstitials (particularly oxygen) have a marked effect on
the dislocation substructure. In a-titanium with a large
interstitial content, Conrad and Jones(22) observed bands
of long, straight screw dislocations with debris of edge
dipoles and prismatic loops inside the bands. As a function
of increasing strain, the bands increase in number and the
dislocation distribution becomes more uniform. Further
straining produces complex tangles without any apparent
tendency toward cell formation. No deformation twinning
seem to take place, regardless of grain size or extent of
straining.
Cass(15) observed similar structures in single
crystals deformed by prismatic slip in the low strain
region - a uniform distribution of long, straight single
dislocations of near screw orientation, trailing a large
number of resolvable and presumably unresolvable edge
dipoles. Elongated prismatic loops on prism planes were
seen too. The distribution of dislocations was found to
be rather uniform and coplanar, and without much tangling.
In titanium of higher purity, the dislocations are much
more randomly dispersed instead of being in coplanar
arrays(22,23). Debris of edge dipoles and prismatic loops
are also distributed fairly uniformly. With increasing
strain, dislocation tangles begin to form, and beyond 8 pct
elongation a cellular network starts to develop in some
areas. The cells tend to become better developed in finer
grain specimens.
Sommer and Tung(24) carried out an investigation
on the effect of temperature on the deformation of a-titanium
with different purities. The observed dislocation
substructures indicated that the effect of raising the test
temperature is analogous to reducing the interstitial
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content, i.e. with increasing deformation temperature, there
is a trend toward a more uniform distribution of
dislocations. Also, with lowering of deformation
temperature, the structure reverts to discrete bands of
long, straight dislocations characteristic of higher oxygen
content. The authors suggested that this difference in
dislocation structure is due to ordering tendencies arising
in more concentrated Ti-O solid solutions, thereby inhibiting
cross-slip and producing coplanar slip.
The wire texture of iodide titanium has been
determined by McHargue and Hammond(25) in cold-rolling wires.
The orientation consists of the <1010> direction, or a type
II diagonal axis, parallel to the wire axis.
Interstitial impurities (C, H, N, O) presumably
occupy octahedral lattice sites with attending non-symmetric
strain fields, and thus interact at short range with gliding
dislocations. Conrad(26) found from the analysis of yield-
stress data that nitrogen is twice as effective as oxygen
in the strengthening of a-titanium, while carbon is only 3/4
as effective as oxygen. Therefore, he defined the
"effective interstitial content" as oxygen equivalent, using
the conversion: nitrogen = 2 x oxygen,
carbon = 3/4 x oxygen, hydrogen = 0. In other words,
3O = (0 + 2N + C).
eq 4
Conrad(26-28) concluded that the thermal component
of the flow stress is proportional to the square root of the
oxygen equivalent, but independent of the plastic strain
and grain size. He suggested that the rate-controlling
mechanism during the yielding and flow of a-titanium at
temperatures below 0.4 Tm is the thermally-activated
overcoming of obstacles associated with interstitial atoms
by dislocations moving on first-order prismatic planes.
The square-root relation was interpreted to mean that the
dislocations in titanium are quite flexible and that the
dislocation length involved in the thermal activation is
essentially equal to the average spacing between
interstitial atoms in the prism planes. The large slope
of flow stress versus the square-root of oxygen equivalent
makes this a case of rapid hardening according to Fleischer
model(29) of strengthening by non-symmetric lattice
distortions.
Tyson(30), in a recent review on the effect of
interstitial solutes on the strengthening of titanium,
states that the yield stress is linearly proportional to
the impurity concentration at low impurity levels, and
concludes that the non-symmetric strain fields associated
with interstitial-impurity atoms are not the source of
strengthening. Instead, the interaction of the impurity
atoms with dislocation cores may be controlling. Tyson(31)
calculated the elastic interaction between dislocations and
interstitial solutes to be 0.3 eV at most, but this is much
smaller than the observed 1.4 eV. He suggests that the
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strengthening effect is due to another type of interaction,
i.e. the necessity of moving the solute atoms out of the way
via diffusion at the dislocation core. The activation
energies of diffusion for oxygen and nitrogen in a-titanium
are around 2 eV per atom, but in the case of core diffusion
the activation energy should be smaller, and may be of the
right magnitude to account for observed activation energy
of plastic flow.
The tensile behavior of a-titanium has been
studied extensively(22,28,32,33). The yield, flow and
fracture stresses increase with decrease in grain size
according to the Hall-Petch relationship. However, the
strain hardening decreases with decrease in grain size. The
flow stress versus square-root of the dislocation density
plots are found to be independent of grain size, indicating
that grain size affects the mean free slip length.
Evidently, for a given strain, a higher density of
dislocations are required in the presence of a fine grain
size than in a coarse grain size. The magnitude of the
yield-drop during discontinuous yielding tends to decrease
with increasing grain size. The effect of interstitial
content, on the other hand, is in the opposite direction:
the yield-drop increases with the interstitial level. The
rate of strain hardening also increases with the total
interstitial content. For most of the specimens, tensile
true stress -true strain curves beyond the yield point obeys
the parabolic relation:
a = o(o) + h9 "/ 2  (1)
where a is the tensile flow stress at plastic strain s,
o(o) is the intercept of a plot of flow stress versus
square-root of the plastic strain, and h (the slope of this
plot) is the strain-hardening coefficient.
Plots of dislocation density versus strain show
two distinct regions for both iodide and A70 a-titanium(22,28).
A rapid increase in density is observed at low strains, which
extends to larger strains with the finer grain sizes. The
initial region, corresponding to the end of the yield
extension, is followed by one in which the density increases
more slowly (approximately linearly) with strain. The latter
region can be expressed as:
p = (p(o) + AE) + 3/d (2)
where p(o) is the dislocation density at essentially zero
8 -2
strain (-10 cm ), d is the grain size, and A and ý are
10 -2 6 -l
constants having values of 7 x 10 cm and 1 x 10 cm
10 -2
respectively for iodide titanium, and 38 x 10 cm and
6 -13 x 10 cm respectively, for A70. Moreover, a plot of
flow stress versus square-root of the dislocation density
gives a straight line, independent of grain size, in accord
with the relation:
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a = f + aEbp 1/ 2  (3)
where of is a friction stress, E is Young's modulus, and
a is a constant that depends on the details of the work-
hardening mechanism, specifically on the nature of the
operative dislocation-dislocation interactions. The values
of af are 12 Kg/mm2 and 39 Kg/mm 2 for iodide and A70
titanium respectively. The values of a determined from the
slopes are 0.53 for iodide titanium and 0.74 for A70.
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3. EXPERIMENTAL PROCEDURE
3.1 Material Preparation
3.1.1 Materials
Three grades of unalloyed titanium of varying
purity, one of very high purity and the other two of
commercial purity, were investigated in this research. The
high-purity grade, called Iodide Ti (to be referred to as
IoTi hereafter), was obtained in the form of crystal bar of
approximately 0.50-inch diameter from the Foote Mineral
Company. Of the two commercial grades, the purer one,
called Ti50, was supplied by Titanium Metals Corporation,
and the other, called A70, was supplied by Crucible Steel
Corporation; both were obtained in the form of centerless-
ground rod with 0.25-inch diameter for the Ti50 and 0.437-
inch diameter for the A70. The interstitial-impurity and
iron contents are given in Table 1, together with values
for the total interstitial atom fractions in terms of
oxygen equivalent, which were calculated by the method of
Conrad(26). The composition and material preparation of
the Ti-4 wt pct Al alloy are given in Appendix.
3.1.2 Heat Treatment
The crystal bar of IoTi was consolidated to a
final diameter of 0.454-inch rod by a single rapid molten-
zone pass, using electron-beam heating. The voltage and
Table 1
Chemical Analysis of the Experimental Materials
Oxygen
(ppm)
Nitrogen
(ppm)
Carbon
(ppm)
Hydrogen
(ppm)
Iron
(ppm)
Total Oxygen Equivalent
(atom fraction)
Total Interstitial
(atom fraction)
IoTi
180
68
40
3800
70
0.034 x 10-2
0.41 x 10-2
Ti50
2900
370
920
3700
690
0.33 x 10-2
0.79 x 10-2
A70
9100
680
1200
1380
1540
1.13 x 10- 2
1.23 x 10-2
the current applied between the filament and the specimen
were 3.5 kV and 115 mA. The filament was maintained at a
voltage of 3.3 V and current of 17.5 amperes. In order to
produce a grain size of about 25p in the starting material
for wire drawing, the zone-melted rod was given a cold-work
reduction of about 33 percent by swaging to 0.361-inch
diameter rod. It was then recrystallized at 450 C for 12
minutes to produce equiaxed grains of 34p grain size.
The 0.25-inch rod of Ti50 was annealed as
received at 700 C with intermittent cooling and measuring
the grain size until a grain size of about 25p was obtained.
Finally, an annealing for 30 minutes produced a grain size
of 30p.
A range of grain size in the A70 alloy was
produced as follows, after a systematic study of the cold-
working and annealing variables:
2p grain size - Cold swage 0.437-inch rod to 91
percent reduction and recrystallize at 6000C for 40 seconds.
12- grain size - Cold swage 0.437-inch rod to 78
percent reduction and recrystallize at 7500C for 15 minutes.
25p grain size - Cold swage 0.437-inch rod to 47
percent reduction and recrystallize at 7500C for 2 hours.
112p grain size - Cold swage 0.437-inch rod to 34
percent reduction and recrystallize at 8200C for 550 hours.
A tube furnace was used to anneal the rods. The
length of the rods were usually between 6 to 9 inches. The
temperature variation along this length inside this furnace
was found not to exceed about +10°C.
Before recrystallization the rods were
encapsulated in vycor tubing under an argon atmosphere.
Since the mechanical properties of a-titanium are very
sensitive to interstitial content, particularly to dissolved
oxygen, great care was taken to avoid oxygen pick-up during
heat treatment. The procedure adopted was to evacuate the
-5
capsule to a vacuum of better than 2 x 10-5 Torr, followed
by twice purging with argon before a final backfill with
argon to a pressure of approximately one-half atmosphere.
As a further precaution, all samples were wrapped in titanium
foil before being encapsulated; this served to getter any
residual oxygen and also to preclude the possibility of
reaction between the sample and the vycor capsule.
In those cases where the diameter of the starting
material to be drawn was too large for tensile testing
subsequent to the drawing (greater than about 0.25 inch), a
part of the rod was cut off and swaged down to about 0.16-
inch diameter, and the same grain size as the initial was
produced in this rod by the aforementioned procedures.
Since the swaging produced a non-homogeneous
deformation in the rod, the plastic strain being higher near
the periphery than in the center, the recrystallized rods
exhibited a slight variation of grain size across their
transverse cross-section; the grains were found to be
slightly larger near the periphery than in the center.
However, this variation of grain size did not exceed +15
pct in any case, with the difference being somewhat larger
in larger diameter rods. The grain sizes reported here are
averages of all the grains across the cross-section.
3.2 Wire Drawing
Wire drawing was chosen as the principal means of
plastic deformation. It was accomplished on a specially
built hydraulic bench which was capable of producing drawing
forces of over 50,000 pounds at speeds ranging from less
than 0.01 inch/minute to 24 inches/minute. All the wire
drawing in this investigation was carried out at one
inch/minute in order to minimize temperature rise during
the drawing.
The drawing dies had an included angle of 3
degrees and 20 percent reduction of cross-sectional area
per pass. The details of the dies have been reported
previously by Langford(6). The size of the dies ranged
from 0.698 to 0.0113 inch, enabling a total strain of upto
7.8 (99.96 pct reduction in area) to be attained. These
dies rendered substantially homogeneous deformation
equivalent to pure tensile strain and minimized other
undesirable side effects, e.g., inhomogeneous texture
formation, internal tensile stresses, redundant deformation,
and macroscopic residual stresses(6).
For lubrication prior to drawing, "Quincoat"
(trade name, Quinlan Products, Richland, Washington) was
found to be effective for titanium. The rod, after being
degreased with trichloroethylene, was dipped in liquid
Quincoat once and then dried in air or with a hair dryer.
This was followed by a light burnishing with very fine
graphite powder.
All the wire drawing was carried out at room
temperature and the drawn wires were also stored at room
temperature, except for some wires that were stored in
liquid nitrogen just to compare the respective stress-strain
curves and see if there was any unwanted strain-aging
effects due to storage at room temperature.
3.3 Tensile Tests
Since machining of the heavily drawn wires was
not possible, the tensile-specimen gauge sections were made
by spark-machining. The spark was jumped between the gauge
section of the rotating specimen and the periphery of a
rotating circular wheel. A brass wheel was designed with a
diameter of 3.5 inches and peripherial width of one inch.
In order to confine the necking to one point in the gauge
length during the tensile test, a slight hourglass shape
was given to the gauge section; this was done by making the
peripherial surface of the spark wheel slightly convex
outwards in the transverse dimension.
In order to remove the damaged layer due to
spark-cutting, the gauge section was electropolished at room
temperature at 12 volts in a solution consisting of 10 parts
lactic acid, 2 parts HF and 1 part H2SO4 (34). The rest of
the specimen outside of the gauge section was masked with
"Microstop" (trade name, Michigan Chrome and Chemical
Company) lacquer. In order to maintain uniform electro-
polishing, the specimen was rotated continuously with
simultaneous stirring of the electrolyte. Difficulties in
spark-cutting were encountered in case of wires with very
small diameters (less than about 0.06 inch) because such
specimens were found not to be quite straight. Therefore,
the specimens of very small diameter were electropolished
without spark-machining, producing a gauge section of
uniform diameter. These specimens did not give much
trouble during the tensile test, except for a few that
broke at the shoulder of the gauge section. This was
caused by improper electropolishing when the reaction was
faster near the edge of the microstop.
For the tensile-testing grips the three-jaw drill
chucks were used with the following modifications:
(a) closely spaced teeth were cut into the jaws, and
(b) the bodies of the chucks were relieved to permit enough
axial jaw movement so that the teeth could sink into the
grip ends of the specimen. Drill chucks of different sizes
were used for different diameter specimens.
The tensile testing was carried out in a Tinius
Olsen machine. The strain rate was maintained at 0.1 per
minute (within a factor of three each way) by gradually
reducing the crosshead speed during the test. The
corresponding unloading rate during necking was approximately
constant.
During the tensile tests, the gauge section was
photographed at intervals in order to record the shape of
the specimen, while reference marks were made on the load
versus time chart at the time each photograph was taken.
After such tests, the minimum diameter, a reference diameter
where no plastic deformation had occurred and the radius of
curvature of the neck profile at the minimum diameter were
measured from the enlarged photographs. These data were fed
into a computer program which calculated the true stress
corrected by the Bridgman formula for necking(35), true
strain, and the strain rate.
It was observed that there was a general
overlapping of the true stress-true strain curves, indicating
that the strain hardening due to the wire drawing was very
close to that of straight tensile elongation. Thus, a
substantially homogeneous deformation was obtained during
wire drawing. In consideration of these facts, it was
decided to measure only the yield stress of each tensile
specimen for many of the wire drawings instead of determining
each complete true stress-true strain curve. By plotting
31
the yield stress against the prior wire drawn strain, the
overall strain hardening during the wire drawing could then
be observed.
3.4 Optical Microscopy
3.4.1 Measurement of Grain Size
Grain-size measurements were done directly under
the optical microscope by counting the number of grain-
boundary intersections with a cross-hair on a travelling
stage. While being traversed, the specimen was brought
alternately in and out of focus in order to make the grain
boundaries more visible, specially those boundaries with a
shallow depth of etching. The etchant was 20 percent HF,
5 percent HNO 3 and 78 percent water. For the 2p grain
size, the measurements were carried out by thin-foil electron
transmission metallography, the counting being done by
drawing random lines on the photomicrographs. Thin foils
were prepared by first cutting foil blanks from the specimens
by spark-machining and then electropolishing the foil blanks
at room temperature and at 12 volts in the solution described
previously (10 parts lactic acid, 2 parts HF and 1 part
H2SO4).
3.4.2 Measurement of Twins
A polarized-light microscope was used for viewing
twins in the drawn wires. After mechanical polishing, the
samples were electropolished to remove possible surface
twining induced by the mechanical polishing. The specimens
were then anodized at 20 volts for about 30 seconds in an
electrolyte consisting of 120 ml ethyl alcohol, 70 ml
distilled water, 40 ml glycerin, 20 ml lactic acid, 10 ml
phosphoric acid, and 4 gm citric acid (crystals). The
volume fraction of twins was measured by the point-counting
method.
An attempt was made to see roughly the
misorientation between the cells in the cellular structure
that was developed in IoTi wires, but it was not successful
because the color contrast was lost at the high magnification
necessary to see the cells under the microscope.
3.5 Electron Microscopy
Foil blanks were cut from the wires by spark-
machining; the minimum thickness of the blanks was 0.08 inch
which was found to be adequate to ensure that the foil was
free of any damage introduced by the spark-machining. The
electropolishing solution for the foils cut from the
recrystallized samples for the grain-size measurements, as
previously mentioned, did not work well for electropolishing
the foils cut from the drawn wires. This solution was
satisfactory only for annealed and slightly deformed
material. For the drawn wires, the adopted electrolyte
consisted of 10 parts methanol, 6 parts n-butanol, and one
part perchloric acid. The electropolishing was conducted
at -450C and at 25 volts with vigorous stirring of the
solution. Despite the fact that electrochemical indenting
by acid jet prior to the final electropolishing reduced the
electropolishing time from 75 minutes to 15 minutes, jet
indentation was not used because the amount of thin area
produced was much larger when straight electropolishing
was employed.
The technique for making thin foils was to firmly
clamp the foil blank in a pair of tweezers and blank off
the foil edges with Microstop. The foil was then positioned
parallel to the bottom of the dish containing the polishing
solution such that it obscured a narrow beam of light
projected through the bottom of the dish. During polishing
the foil was observed with a stereo microscope at a
magnification of 60X. Perforation was indicated when a
small point of light was observed; the foil was then taken
out of the solution immediately and washed in methanol.
All the foils were examined in a JEM-7 electron
microscope operating at 100 kV. This microscope was equipped
with a dark-field attachment and a goniometer stage capable
of upto 30 degrees of tilt.
3.5.1 Measurement of Cell Size
Transmission electron micrographs were taken on
both transverse and longitudinal sections of the drawn wires
to study the cellular structure in 3-dimensions. However,
the cell sizes were determined from the transverse sections
only. The measurements were carried out along random
transverses by counting the number of cell-wall intercepts
per unit length of traverse.
3.5.2 Measurement of Dislocation Density
Dislocation density was measured only for the
specimens where there was no cell formation. It was found
rather problematical with our polycrystalline foils to
image all the dislocations under one particular reflecting
condition; in general, it is very difficult to select a
desired operating reflection for a particular grain having
a random and initially unknown orientation. Therefore, the
technique selected was one of tilting the specimen until a
condition was reached which appeared to image the maximum
number of dislocations in a particular grain. Since most
of the dislocations in deformed polycrystalline titanium
have <1120> vectors and a very few <0001> or <1123> vectors,
this procedure was deemed adequate to obtain a reasonable
estimate of the dislocation density.
Quantitative measurements of dislocation density
were made by intersection methods. Measurements of the
number (N) of intersection of dislocation images with
randomly drawn lines were conducted on enlarged micrographs,
and the density was calculated from the relation:
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where L is the total length of the lines drawn (corrected
for magnification) in cm, t is the foil thickness in cm,
and p is the dislocation density in units of cm-2.
Dislocation-density measurements were carried out
11 2
upto a density of about 3 x 10 per cm , beyond which
measurement became increasingly difficult and could not be
done with much accuracy. The weak-beam technique to
achieve a higher resolution of the dislocation images was
unsuccessful because the heavily drawn wires showed
practically no Kikuchi lines in the foils. Hence, alternate
methods were sought. Electrical resistivity measurements
were considered for determining the dislocation density in
these heavily deformed wires, but finally this method was
not employed because of uncertain reliability and also the
development of texture in the wires. The idea of using
other alternative methods had to be abandoned as well.
3.5.3 Determination of Burgers Vectors
The Burgers vector analysis were conducted to
determine whether dislocations with a Burgers vector of
c or c + a were present. Moreover, the mechanism of
cellular formation was studied via the dislocation
interactions prior to the appearance of the cells. Those
grains whose {1010} planes were found close to the foil
plane were used to determine the presence of c or c + a
Burgers vector. By means of the (0002) and (1011)
reflections, both of which were readily accessible in the
{1010} foils, a distinction could be made between disloca-
tions having a Burgers vector with a c component and those
without such a vector(36); according to the g = 0
criterion, the (0002) reflection causes a dislocations to
exhibit little or no contrast, whereas c or c + a
dislocations will show a strong contrast. On the other
hand, the (1011) reflection causes a and c or c + a
dislocations to exhibit strong contrast.
Those grains whose {0001} plane was found close
to the foil plane were also used to determine the presence
of c or c + a dislocations. With an operating reflection
of (1120), the c or c + a dislocations will show little or
no contrast, while a dislocations will exhibit strong
contrast.
Tilting of the foils in order to bring about a
proper reflecting condition was extremely difficult, almost
impossible, because the foils with high plastic strain
showed practically no Kikuchi patterns at all. So
diffraction patterns were used to tilt the foils into a
proper orientation.
3.6 X-ray Measurements
3.6.1 Texture Measurements
The wire texture and its development during wire
drawing were determined in a simple and approximate way by
X-ray diffraction analysis using CuKa radiation and a nickel
filter. With the Debye-Scherrer method, diffracted
intensities were recorded by diffractometer for a series of
specimens of increasing wire-drawn strain, selecting the
transverse section of the wires as the reflecting surface.
The peak intensities above the background were measured and
their variations as a function of prior strain were recorded.
The specimens were prepared by cutting the wires
in the transverse sections and a number of these cut segments
were bundled together and mounted in plastic with their
transverse sections parallel to the surface of the mount.
The total area of the transverse sections was made larger
than the size of the incident X-ray beam. After grinding
the surface the specimens were chemically polished in a
solution of 30 pct HF and 70 pct HNO 3 to remove surface
damage.
3.6.2 Stacking-Fault Probability Measurements
All the determinations of stacking-fault probability
were carried out by Dr. E. A. Metzbower of Naval Research
Laboratory of Washington, D.C. The change in stacking-fault
probability with increasing oxygen content in a-Ti was
established from X-ray powder-diffraction line-profile
studies by using Warren's method(37). The details of the
procedure have been described previously by Metzbower(38).
Cold working for this purpose was achieved by filing
annealed samples at room temperature. The line profiles
were recorded with a step-scanning X-ray diffractometer and
CuKa radiation. The diffracted intensities were incident
on a LiF curved-crystal monochromator, and the resulting
signal was sent through a pulse-height analyzer. A Fourier
analysis of the profiles was applied to separate the total
broadening into the components caused by domain size,
mean-square microstrains, and stacking faults.
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4. DISCUSSION OF EXPERIMENTAL RESULTS
4.1 Tensile Stress-Strain Curves
The results of the tensile tests of A70 titanium with
2p, 12p, 25p and 112p grain sizes, wire drawn and tested at
room temperature, are shown in Figure 1. The Bridgman-
corrected true stress-true strain curves for the annealed
specimens and for selected wire-drawn specimens are plotted
as a function of total strain, which includes both the wire-
drawing and the tensile-testing deformations. It should be
noted that, for all grain sizes, the true stress-true strain
curves superimpose, within experimental accuracy, to form a
continuous representation of the strain-hardening
characteristics over the entire range of strains investigated.
This general overlap of the stress-strain curves to give an
overall work-hardening trend indicates that the wire-drawing
and tensile deformations are equivalent to their effects, a
high degree of strain homogeneity having been achieved with
the chosen die geometry. This was expected because a tensile
deformation is effectively a wire-drawing deformation with a
superimposed hydrostatic tension, and hydrostatic tensile
stress does not materially affect the yield or flow stress
of the metal. In the higher strain region, however, the
stress-strain curves do not superimpose on one another as
nicely as they do in the lower strain region; this could be
due to the following reasons:
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(a) The amount of error introduced in the measurement
of smaller diameter wires is larger than with the larger
diameter wires.
(b) A close examination of the fine-wires tensile
fractures revealed that the cross-section at the fracture of
a few of the wire specimens appeared to be elliptical rather
than circular, thereby producing some error in the diameter
measurement by our photographic technique. This ellipticity
was observed more frequently in the larger grain-size material.
Although the tensile data of the specimens with obvious ellip-
ticity were discarded, still it is possible to have some non-
visible ellipticity present in those specimens whose tensile
data have been presented here. This development of elliptic
cross-section during deformation is probably due to plastic
anisotropy of a-Ti where slip occurs predominantly in <a>
directions with very restricted slip in the <c> direction.
Therefore, unless the grains are randomly oriented in the
transverse section of the tensile specimen, there will be less
slip in the direction where the c-directions of the grains are
preferentially oriented and more slip in the directional normal
to it, producing more thining in the latter direction. The
larger-grain material showed this tendency more because of
the presence of fewer grains in the cross-section and, hence,
a smaller probability of their being randomly oriented.
Rosi and Perkins(39) reported similar observations in their
tensile specimens of commercial-purity titanium. Cylindrical
tensile specimens were cut from rolled sheets and after
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tensile deformation they became elliptical in cross-section.
This was due to a strong alignment of the basal planes of the
grains parallel to the rolling plane, and therefore during
tensile deformation little thinning took place in the thickness
direction.
(c) Since there is always some frictional stress
between the die walls and the surface of the wire, probably
there is some strain inhomogeneity near the surface. The
effect on flow stress of the wire due to this strain
inhomogeneity will be larger, the smaller the specimen
diameter.
A70 titanium exhibited a small yield drop in the
annealed specimen for all grain sizes, the amount of drop
increasing with decreasing grain size. After two or three
wire-drawing reductions, the tensile specimens started to
neck right from yielding without showing any uniform
elongation. Applying the plastic instability criterion,
da/dE = a, where a and E are true stress and true strain, it
was found that plastic instability occurs at a true strain
of about 0.45 and, therefore, absence of uniform elongation
beyond this strain is to be expected.
The tensile data right at the breaking point were not
recorded in any of the stress-strain curves because the
measurement of the diameter at the fracture section was
found to be highly inaccurate. Hence, the stress-strain
curves were terminated at the last point where the diameter
was recorded before breaking.
In some cases, the tensile test was repeated to check
the reproducibility of the stress-strain curves, and it was
observed that both the test produced substantially the same
curves. Since there was some time interval at room
temperature between the wire drawing and the subsequent
tensile testing, it was suspected that there might be some
strain aging or recovery occurring during this time period.
In order to examine this possibility, we heavily deformed
one sample to a wire-drawing strain of about 2.5 to introduce
a very high dislocation density, and then two tensile
specimens were cut from the wire; one was stored at room
temperature while the other was stored in liquid nitrogen
for about 10 days. Tensile tests carried out on both of
these specimens showed no noticeable difference between the
stress-strain curves, indicating that the extent of aging
or recovery was negligible at room temperature. This finding
seems reasonable because in a-titanium the mobility of atoms
even the interstitials is very low at room temperature.
Moreover, in view of high friction stress of A70 the
rearrangement of dislocations at room temperature appears to
be very difficult, too.
The wire drawing of A70 could not be continued beyond
a strain of about 4.5 because of frequent breakage in the
dies. The ductility of A70 is limited due to the oxygen
interstitials. In some instances, however, the maximum strain
examined was limited by the small diameter of the starting
material.
A close examination of these sets of stress-strain
curves indicates that A70 titanium strain hardens in a
parabolic way upto a strain of about 1.8, after which the
strain hardening becomes approximately linear and remains so
upto the highest strain examined. Most of the previous work
on tensile deformation of A70 has shown parabolic strain
hardening at very low strains.
With decreasing grain, the strain-hardening rate
decreases somewhat, while the yield stress and flow stress
increases.
It is evident that the Bridgman-corrected true stress-
true strain curves nearly superimpose on one another, and that
the curve drawn through the yield strengths alone contains the
true stress-true strain curves within experimental accuracy.
In consideration of these factors, it was decided to
determine only the yield stress of the drawn wires in further
experiments and then draw a single curve through these yield
stresses to obtain the strain-hardening characteristics of
the material. This eliminated the necessity of tensile
testing beyond yield point as well as Bridgman corrections.
Thus, the gauge length could be made of uniform cross-section
to eliminate any correction due to curvature at yield point.
The yield stress was measured at 0.2 pct strain offset when
no yield drop was observed. Figures 2 and 3 illustrate the
true stress-true strain curves for Ti50 and IoTi drawn in
the above manner. Both of these curves show that the strain
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hardening is parabolic at low strains and becomes gradually
linear at higher strains. Most of the previous work on the
tensile deformation, i.e. at relatively low strains, of Ti50
indicates parabolic strain hardening, whereas in case of
iodide Ti some studies have shown parabolic and others
linear hardening. The transition from parabolic to linear
takes place around a strain of 1.7 for Ti50 and 1.5 for IoTi,
compared to 1.8 for A70. Accordingly, the strain at which
the constant strain-hardening rate is attained increases
with increasing interstitial content. In case of an iron-
0.003 C alloy, Rack and Cohen(4) observed this transition
strain to decrease with increasing substitutional titanium
content.
As opposed to A70, neither Ti50 nor IoTi showed any
yield drop in the annealed condition. The appearance of yield
point with increasing impurity level is probably due to
locking of dislocations by interstitials in the annealed
material. The maximum strain achieved for the Ti50 and IoTi
was limited by the diameter of the starting material, not the
ductility.
Figure 4 shows the strain-hardening rate vs. strain
of A70, Ti50 and IoTi. Some of the results of previous
investigations are also given (Fe-3.16 Ti, Fe-0.007 C
(furnace-cooled), BCC martensite and FCC austenite) for the
purpose of comparison. Table 2 lists the strain-hardening
rates of the three grades of titanium tested. These values
were obtained from the best straight line that could be
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Table 2
Interrelation of Strain-Hardening Rate
with Purity and Grain Size
Strain-hardening
Material Grain Size (p)
A70
Rate (kg/mm2)
11.92
12.18
12.32
12.43112
Ti50 10.06
IoTi 7.08
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drawn through the stress-strain curves at higher strains.
The strain-hardening rate of A70 changes only by a
small extent for different grain sizes, being 11.9 Kg/mm2
for 2p grain size and 12.4 Kg/mm2 for 112p grain size. The
strain-hardening rates were not plotted for the parabolic
part, i.e. at low strain region, of the stress-strain curves
because of the inaccuracies involved in measuring slopes
from tangents drawn on these curves. Jones and Conrad(22)
found similar results at low strains, i.e. the strain-
hardening rate increases with increasing grain size. As a
result of this trend, although the stress-strain curves
start out at a higher level with the smaller grain sizes,
they tend to converge with one another at higher strains.
Ti50 has a strain-hardening rate of 10.1 Kg/mm2
lower than that of A70, whereas IoTi has the lowest rate of
7.1 Kg/mm2 . It is, therefore, obvious that the interstitial
impurity content strongly influences the work hardening rates
of a-titanium. Jones and Conrad(22) also observed the same
effect in' a-titanium at low strains. In case of an iron-
0.003 C alloy, Rack and Cohen(4) observed that the strain
hardening rate was independent of the initial impurity content,
substitutional or interstitial. However, in our material
although the strain-hardening rate increased with impurity
content, no correlation was found between the strain-
hardening rates and interstitial contents or oxygen equivalents.
When compared to other BCC and FCC materials
(Figure 4), the absolute value of strain-hardening rate
of titanium in the grades examined here is found to be higher
than FCC austenite and FCC copper at higher strains but lower
than BCC Fe-0.007 C, BCC Fe-Ti alloys, and BCC martensite.
Thus, HCP titanium appears to strain harden at a higher rate
than FCC metals but at a lower rate than BCC metals. But
when the strain-hardening rate is normalized with respect to
the Young's modulus, the above BCC metals and HCP titanium
have almost comparable values of normalized strain-hardening
rate, whereas FCC copper has one-fourth of this value.
4.2 Hall-Petch Plots
Figure 5 shows the yield and flow stresses at strains
of 0.1, 1.5, 2.5 and 3.5 for A70 as a function of the
inverse square-root of the recrystallized grain size. Over
the range of grain sizes and strains examined, the behavior
observed is in reasonable agreement with the Hall-Petch
equation:
1
2
-= U. + KD (5)
where ai is the friction stress, K is a material constant,
and D is the initial recrystallized grain size. a. increases1
and K decreases with increasing strain. The values of these
parameters are given in Table 3 along with those obtained by
Conrad(22) for A70. The flow stresses were measured by
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Figure 5. Hall-Petch Plot for the Effect of Grain Size on the
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Table 3
Effect of Grain Size on the Yield and Flow
Stresses of A70
Present
ResearchStrain After Conrad(22)
(Kg/mm2 )
K (Kg/mm3 / 2 )
48.0
0.85
For Small Grain: 40.0
For Large Grain: 50.0
0.90
C.
C
C
(Kg/mm2 )
K (Kg/mm3/2)
. (Kg/mm2 )1
< (Kg/mm3 / 2 )
2,(Kg/mm )
(Kg/mm3 / 2 )
~i (Kg/mm2 )
K (Kg/mm3 / 2 )
74.5
0.50
For Small Grain: 74.0
For Large Grain: 78.0
0.50
160.0
0.24
178.5
0.16
191.5
0.12
Yield
0.1
1.5
2.5
3.5
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drawing an average envelop through the series of stress-strain
curves.
Conrad found that the agreement with Hall-Petch
relationship at low strains is better for thelfiner grain-size
specimens; the data for coarse grain size (D 2 < 16) deviated
from the Hall-Petch line towards higher stresses. He
attributed this to the possible differences in preferred
orientation of the large grain specimens. In the present
work, however, we did not notice any deviation of data points
on either side of this grain size at low strains, although we
have only four data points for each graph. Despite the above
discrepancy, Conrad's values of o. and K and ours agree well
with each other. But the values of K for yield stress and
flow stress at low strains are smaller than that reported
for titanium by Guard(40) and quoted by Wilson and Chapman(41)
and are intermediate between those typical of FCC and BCC
metals(42). Conrad(22) observed a higher Hall-Petch slope
for the fracture stress, almost twice that for yielding,
whereas our result shows a gradual decrease in slope with
increasing strain. It is possible that Conrad's higher
slope resulted because he did not take into account the
triaxial stress state that exists in the neck during ductile
fracture.
Figure 5 shows that the flow stress becomes less
sensitive to grain size with increasing strain. This
indicates that the grain boundaries become less important
compared to grain interiors as dislocation barriers and
dislocation sources. This change may be due to the
increasing dislocation density within the grains as the strain
increases (A70 did not show any formation of cells, as
will be discussed later), and so the dislocations appear to be
obstructed as well as generated inside the grains without
"seeing" the grain boundaries very much.
The fact that the effect of grain size on flow stress
becomes smaller with increasing strain supports the idea of
dislocation pile-ups against grain boundaries as a cause of
grain-boundary hardening(43). Neither work-hardening theory
nor grain-boundary source theory(43) can be supported by our
experimental observations. On the other hand, the validity
of dislocation-dynamics theory(43) cannot be proved with our
limited experimental results.
4.3 Observation of Twins
The presence of mechanical twins in deformed
a-titanium was studied by both optical and transmission
electron microscopy. Since titanium shows kink-band
formation too, particular care was taken to distinguish
between twins and kink bands. As mentioned before, since a
change in length along the c-axis is not possible with a
slip alone, a slip direction with a component along the
c-axis is required. This is only possible by either the
motion of c + a or c dislocations or the formation of twins
or kink bands.
In our material, twins were not commonly observed,
even after a wire-drawing strain of about 3.5. At this
strain, the volume fraction of twins was only about 2 pct
in the IoTi and about 1 to 1.5 pct in the Ti50 and A70.
The extent of twinning did not change very much with
deformation. Kink bands or deformation bands were rarely
observed - they were too few to make any quantitative
estimate. Distinction between twins and kink bands was
made on the basis of their shapes and the nature of their
boundaries. The twins are lenticular in shape whereas kink
bands have parallel sides. The twin boundaries appear very
sharp, with almost no width when viewed parallel to it,
whereas kink bands exhibit wider boundaries consisting of
dislocations. The latter boundaries are composed of dense
networks of edge dislocations lying on the basal plane and
having a Burgers vector parallel to a <1120> close-packed
direction.
Since a twin has particular orientation relationship
with the matrix whereas a kink band does not, an attempt was
made to use a strong twin reflection originating from one
twin and look at the dark-field image of the other twins in
the same grain. Twins of the same orientations will then be
revealed, while kink bands and twins of different orientations
will not. But this approach was unsuccessful because, with
very few exceptions, no grain contained more than one twin.
Diffraction analysis from one of these twins revealed it to
be a {1012} type twin. Sommer and Tung(24) reported that the
selected area electron diffraction and trace analysis showed
that nearly all the twins that were observed in their deformed
a-titanium specimens of different purities were of the {1012}
type.
It was surprising that we observed so few twins
compared to some of the previous investigations. Garde and
Reed-Hill(44) reported that the volume fraction of twins in
high-purity zone-refined iodide titanium increases at a
linear rate to about 30 pct at a true strain of about 0.4
in tensile deformation at room temperature. In commercial-
purity titanium too, they noted a similar rate of increase of
twins with tensile deformation reaching about 50 pct volume
fraction at a true strain of 0.5. The work of Rose and
Perkins(45) indicated that their coarse grained iodide
titanium specimens deformed sufficiently by twinning at 77 0
as well as at room temperature. Several other workers
reported the presence of extensive deformation twinning in
both high purity as well as commercial-purity titanium,
especially with low-temperature deformation. On the other
hand, Orava, Stone and Conrad(32) stated that a metallographic
examination of their fine-grained commercial titanium failed
to reveal existence of twins even with strains beyond 10 pct
at 770 K. This was attributed to the fine grain size and
high-purity content of their material. Jones and Conrad(33)
also reported that twinning was not evident even in the necked
part of fine-grained titanium specimens deformed at 4.2°K.
In a later paper, they(28) also stated that no deformation
twinning was observed in commercial-purity titanium regardless
of grain size or strain.
Studies on the deformation of titanium single crystals
have demonstrated that the frequency of twin formation
increases with decreasing deformation temperature and
increasing purity. The orientation of the crystal with
respect to the stress axis and the nature of the stress,
compressive or tensile, also influence the formation of twins
as well as the type of twins formed. If the prism planes are
unfavorably oriented relative to the stress axis, twinning is
favored. Churchman(12) noted that during tensile deformation
twinning is only observed in crystals oriented with the
c-axis within 450 of the stress axis, usually in conjunction
with basal slip. Paton(13) found that, in single crystals
of iodide titanium, compression along c-axis is accommodated
almost entirely by twinning at deformation temperatures upto
300 0C, and compression normal to the c-axis is accommodated
by a combination of twinning and prism slip over the same
range of temperatures.
From a consideration of the shape changes due to
different types of twinning, it can be predicted which type
of twinning is favored. Schmid and Boas(46) have shown that
in titanium, with an axial ratio less than /3, {1012}
twinning produces an extension in directions within
approximately 400 of the c-axis and a contraction approximately
perpendicular to the c-axis. Thus, the crystals pulled in a
direction near the c-axis or compressed normal to the c-axis
are favorably oriented for the formation of {1012} twins.
These twins were observed by Churchman(12) for tensile
straining in a direction close to the c-axis and by Paton(13)
for compressive straining normal to the c-axis. Similar
geometrical considerations can be applied to other types of
twinning commonly found in titanium {12ý2} and {121};
compressive straining along the c-axis or tensile straining
normal to the c-axis favors {1122} twinning, while tensile
straining along the c-axis and compressive straining normal
to the c-axis favors {l121} twinning. Paton(13) observed
profuse {1122} twinning after compression along the c-axis
in iodide titanium. Consequently, in polycrystal material
with randomly oriented grains, the grains that are favorably
oriented for twinning are expected to deform, at least
partially, by twinning. But the deformation of a particular
grain in a polycrystal becomes very complicated due to the
constraints on it by the neighboring grains, inasmuch as the
shape change of the grain must be compatible with that of
the neighboring grains. Accordingly, it is difficult to
predict to what extent polycrystalline titanium should deform
by twinning.
Before doing any measurements and comparison on the
twinning, one must consider the following facts: (a) In
many instances, the detection of twins has been prevented due
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to improper metallographic preparation. (b) During polishing,
a slight pressure on the specimen may produce surface
twinning. (c) Fine-grain material does not twin easily and
the surface preparation to reveal twins becomes even more
difficult. (d) Discrepancy in volume fraction of twin may
arise due to difference in texture of the starting materials.
4.4 Formation of Texture
Like other hexagonal metals, a-titanium is highly
anisotropic in its plastic behavior due to limited slip
systems. Also it readily develops preferred orientations
during deformation. a-titanium produces texture hardening
in some direction and texture softening in another depending
on the type of texture developed due to deformation.
Figure 6 shows the variation of {01i0}, {Ol0l} and {1120}
X-ray peak intensities as a function of wire-drawing strain
for A70 of 112p grain size, each intensity being normalized
relative to the peak intensity of (0002). Also shown are
intensity ratios for an annealed material with randomly
oriented grains. It is obvious that the A70 under study had
a preferred orientation in the annealed state, with a higher
I {010}/I{0002} ratio, a lower I {Oll}/I{0002} ratio, and
the I{110} /I{0002} value remaining more or less the same.
Since {0110}, {01il} and {0002} reflections occur within a
very small range of angles (between 29 values of 350 and 400),
we can eliminate the need for corrections due to differences
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Figure 6. Influence of Deformation on the Variation of X-ray Peak Intensities
Obtained from Transverse Section of the Wire-Drawn A70 of L12p Grain
Size.
in absorption and volume irradiated for these reflections.
The {1120} reflection occurs at a higher value of 28 (at 63 C),
but in this discussion, we will ignore the corrections for
this reflection. The intensity ratio of two sets of planes
roughly indicates the ratio of numbers of these two sets of
planes which are aligned parallel to the transverse section of
the wire, since the reflection was taken from the transverse
sections of the wires. So, for the annealed material, the
higher I{010} /I{0002} means either a preferential orientation
of {0110} planes parallel to the transverse section of the
wire with corresponding preferential orientation of (0002)
planes along the axis of the wire (these planes being normal
to each other), or only the (0002) planes preferentially
oriented along the wires axis, or the (0002) planes
preferentially oriented at an angle to the wire axis. But
the I {ll0}/I{0002} ratio being the same as for random grain
sample suggests that {1120} planes are oriented away from the
transverse section. The lower I{OlIl}/I{0002} values also
suggest that {0111} planes are preferentially oriented away
from the transverse section. From all these considerations,
it is difficult to predict the annealing texture conclusively,
but it is either <0110> or some other direction lying between
the basal and prism planes. McHargue and Hammond(25)
determined the wire texture of recrystallized iodide titanium
to be the {2130} plane normal, i.e., the basal planes tilted
+110 to the wire axis. This wire texture fits the present
results quite well.
Upon straining, the I{0110}/{0002} ratio goes up
steadily but I{0ol}{/I0002} goes down gradually, while
I {ll0}/I{0002} remains more or less the same. On the basis
of the earlier reasoning, it can be inferred that the wire
texture due to deformation is either <0110> or some direction
intermediate between the basal and prism planes. A comparison
of the peak intensities of {0110} and {0002} planes during
deformation shows that {0110} intensity increases while
{0002} intensity decreases with increasing strain. This
proves that {0110} planes are getting preferentially oriented
parallel to the transverse direction of the wire, meaning a
<0110> wire texture. McHargue et al(25) also found the same
wire texture for colled-rolled wires of iodide titanium.
A <0110> wire texture would cause texture softening
in a-titanium due to preferential orientation of the slip
systems relative to the wire axis, resulting in a lowering of
the Schmid factor for these planes. Evidently, there is some
contribution of this texture softening to the true stress-true
strain curves, but since the development of the texture is
found to be gradual, the transition of the true stress-true
strain curve from parabolic to linear cannot be due primarily
to the texture.
Figure 7 shows the microstructure of A70 of 112p grain
size after a strain of 1.25. The grains are noticeably
interfolded or "curly" in the transverse section and elongated
in the wire-drawing direction in longitudinal section. As in
(a) Transverse Section, 200X.
(b) Longitudinal Section, 600X.
Figure 7. Influence of Wire Drawing on Microstructure
of A70 of l12P Grain Size at E = 1.25.
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the case of bcc metals, it can be presumed that the
development of this structure is a direct consequence of the
formation of the <0110> fiber texture. In this texture, one
<1120> slip direction happens to lie perpendicular to the
wire axis and the other two <1120> slip directions lie at 30
degrees to the wire axis, so that slip only occurs in the
latter two directions. As a consequence, the grains elongate
in a <0110> direction, parallel to the wire axis, with
simultaneous thinning in one of the transverse directions,
the other transverse dimension remaining the same. Therefore,
this situation leads to plane strain on a local scale instead
of axisymmetric flow. The curling of the grains results from
the interfolding of the ribbon-like grains in maintaining
compatibility with neighboring grains. In the case of iodide
titanium, which shows a cellular substructure, as will be
discussed later, the cells deform in a similar manner, adopting
an elongated ribbon shape along the wire axis with attendant
bending and interfolding in the transverse direction to
maintain contact with neighboring cells.
4.5 Cell-Size Measurements
Studies of the dislocation structure by electron
transmission microscopy revealed that in IoTi the dislocations
are arranged in a cellular network, whereas in the two
commercial grades, Ti50 and A70 and also Ti-4A1, the
dislocations tend to be uniformly distributed in the matrix
up to the highest strains investigated. In IoTi the cellular
network starts to develop at strains of about 6 pct in some
areas. Figure 8 illustrates the cells in the process of
formation at a tensile strain of 0.06. With further
deformation, the cells develop in all areas and become
better delineated. Inside the cells, the dislocation density
is relatively low. Figure 9 shows the transverse section of
a wire drawn to a strain of 0.475 where cells are well
developed.
With increasing deformation, the size of the cells
becomes smaller and the misorientation between the cells
becomes larger. The width of the cell walls becomes narrower
with increasing strain, perhaps due to recovery processes at
the cell walls. The dislocation density within the cells
increases with the strain.
Figure 10 shows a typical micrograph of a transverse
section at a strain of 3.17. One can notice that the cells
now appear more equiaxed than interfolded and bent compared
to a strain of 0.475. Examination of the longitudinal section
of the wires reveals that the cells become progressively
more elongated in the wire-drawing direction. Figure 11 shows
the elongated cells in a longitudinal section at a strain of
2.27.
At low strains the cells are somewhat ribbon-shaped,
becoming gradually longer relative to their width and
thickness dimensions. In some areas, the cells tend to be
curved in cross-section. This cell shape can be explained by
aFigure 8. Electron Micrograph of IoTi Deformed to a
Tensile Strain of 0.06. 26,000X.
Figure 9. Electron Micrograph of IoTi Wire Drawn to
a Strain of 0.48. 20,000X.
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Figure 10. Electron Micrograph of IoTi Wire Drawn to
a Strain of 3.17. 40,000X.
Figure 11. Electron Micrograph of Longitudinal Section
of IoTi at E = 2.27. 46,000X.
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the <0110> wire texture (as discussed before) in which the
slip in the <1120> directions permits the necessary elongation,
but can cause only a thinning (rather than a symmetrical
reduction) of the transverse section, thereby leading to plane
strain on a local scale instead of axisymmetric flow. But at
very high strains the cellular cross-sections appeared roughly
equiaxed. This is probably due to recovery processes
consisting of: (a) polygoniozation to relieve the elastic
strain arising from bending of cells about the wire axis, and
thus producing subcells; and (b) dynamic recovery stemming
from cell-wall migration leading to the loss of cell walls.
Both of these phenomena prevent the width-to-thickness ratio
of the cellular cross-sections from becoming large and hence
the cross-sections become roughly equiaxed, particularly at
the larger reductions.
The shape change of the cells during deformation
might be controlled by axially symmetric flow or by the
<1120> wire texture. Figure 12 summarizes the effects of
deformation on the mean transverse linear-intercept cell
size in IoTi. If the shape change of the cells were
controlled by axially symmetric flow, the expected slope in
Figure 12 would be- (6), as evident from the relation:
c = di exp ( 2 (5)
where, d and d. are the final and initial mean transverse
linear-intercept cell size at E and 6s strains respectively.
Again, if the shape change were controlled by the <0110>
texture, the expected slope should be -1(6), as given by
the equation:
S= () d. exp(. - £) (6)2 1 1
The factor 2 arises because the mean transverse linear-2
intercept is measured at an angle to the thinnest dimension
of the ribbon thickness.
Equations 5 and 6 both assume no dynamic recovery. It
can be seen from Figure 12 that, during early stages the
actual cell size changes faster than that corresponding to
either of these processes, and then it follows the <0110>
texture flow case and after that it follows the axisymmetric
flow case. Finally, the curve (Figure 12) becomes less
sensitive to drawing strain, suggesting that dynamic recovery
is occurring during drawing process causing the cell size to
be larger than that corresponding to the geometric reduction
of the wire. The initial steep slope of the curve is probably
due to improper measurement of the cell size because the
cellular formation is not complete in all the areas initially.
The flow of the metal then becomes texture-controlled, and
subsequently axisymmetric flow takes over, the latter
probably being a combination of both texture flow and
concurrent polygoniozation which produces subcells whose
relatively equiaxed cross-sections tend to break up the
otherwise ribbon-like shape of the deformed cells. At very
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Figure 12. Mean Transverse Linear-Intercept Cell Size of IoTi
Wire as a Function of Wire-Drawing Strain.
large strains, in addition to the polygonization cell-wall
migration comes into operation causing the average cell size
to be larger than expected from the texture flow and
polygonization as such.
4.6 Cellular Hardening
Two possible relationships between the flow stress and
cell size have been proposed by previous investigators(7,47,
6,49,50), i.e., the flow stress is proportional to either the
inverse square-root of the transverse cell size or the inverse
first-power of the transverse cell size. One previous study
by Abson and Jonas(51) has reported this exponent to be 3/4
by plotting the equivalent flow stress converted from hardness
data. In a later paper(50), however, they found the
exponent to be 1 and stated that the previous value of 3/4
was due to an error in choosing the friction stress for
plotting the graph and also from using an incorrect conversion
factor to obtain the yield stress from the hardness. The flow
stress as a function of both the inverse square-root of the
cell size, d 2 and the inverse first-power of the cell size,
--1d is shown in Figure 13. It can be seen that in both plots
a linear relationship exists, except that the overall data-
1
fitting is better for the - plot than for the d-2 ; the data
points in d 2 plot deviating from a straight line towards 1
higher stress values at larger cell sizes. Moreover, the d 2
plot gives a negative stress intercept at zero strain. This
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Strength of Wire-Drawn Iodide Ti as a Function
of the Reciprocal First-Power and Reciprocal
Square-Root of the Mean Transverse Linear-Intercept
Cell Size.
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suggests that the flow stress is more closely related to the
inverse first-power of the cell size. The best straight line
--1drawn through the data points in d- plot has a slope of
5.2 x 10- 3 Kg/mm2 and an intercept of 16.0 Kg/mm 2 . These
values correspond to the k and ao parameters in an equation
of the form:
a = a + kd (7)
where a may be considered the lattice-friction stress and k
is a constant for the material.
An attempt was made to determine the exact value of
the exponent, m, of the more general relationship:
a = ao + kd -m  (8)
In principle, m can be determined from the slope of the log
(a - o ) vs log d plot. The question immediately arises as
to what value of a we should assume. For single crystals,
0 is evidently the Hall-Petch friction stress, a. and is
o 1
equal to M times To, the critical resolved shear stress for
multiple slip (M is the Taylor orientation factor). But in1
polycrystals, the contribution due to grain size, i.e., KD 2
where K is Hall-Petch slope and D is grain size, should also
be added to the Hall-Petch friction stress. Therefore,
1
a = . + KD (9)0 1
This is actually the yield stress of the annealed material
in which no cells are present. Accordingly, we adopted
o0 = 15.5 Kg/mm , the yield stress of annealed IoTi.
Although it has been often observed that the dislocation
density within the cells increases with strain, thereby
increasing a , we have neglected this change in this plot.
Figure 14 shows the corresponding log-log plot, and the data
points appear to lie on a straight line, indicating that k
and m are constants, provided o0 is independent of strain or
cell size. The best line that can be drawn through the data
points produces a value of m = 0.95.
Whatever may be the exact value of the exponent, it is
quite clear that the flow stress of the drawn wires varies
inversely with the cell size, and therefore the strain
hardening of IoTi is controlled by the refinement of the
cellular structure, i.e., cellular hardening. The exact
mechanism of cellular hardening is not yet quite clearly
known. Cohen and Langford(3) presented a model for cell-size
strengthening for wire-drawn iron on the basis of the energy
required to spread and expand dislocation loops (which are
needed for the imposed elongation of the cell) across the
glide planes of the cells. They assumed that the dislocation
sources are in the cell wall and that each dislocation loop
has to be increased in length from essentially zero to the
perimeter of the cellular glide plane. The relationship thus
derived showed the flow stress inversely proportional to the
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first power of the transverse cell size and the value of k
obtained was in reasonable agreement with the experimentally
observed value for their material (within a factor of two).
Since in the above energetic argument, there was some
question about neglecting the high local stress necessary to
activate a dislocation source when the separation of the
pinned ends of the dislocation is very much smaller than the
cell size, the authors derived a virtually equivalent result
in a later paper(52) on the basis of the average stress that
the dislocation loops experience during their motion.
We have modified both the above derivations according
to the textural conditions and operating slip systems in HCP
titanium and obtained the values of k as 3.6 Gb from the total
energy theory and 1.8 Gb from the average stress theory. Our
experimentally observed value of k is 4.1 Gb, being a factor
of 1.2 higher than that obtained from total energy theory
and 2.3 higher than that obtained from average stress theory.
Later, Langford and Cohen(8,9) discovered that for
iron not only does the reciprocal of the cell size increase
linearly with true strain but also the average cellular
misorientation increases linearly with true strain, indicating
that the nature of the cell walls indoubtedly also plays a
role in determining the overall strengthening. They suggested
that there is a critical cellular misorientation below which
the misorientation is so small that the cell walls tend to
behave like dislocation forests and the glide dislocations
can cut through nearly all of these cell walls. In contrast,
above the critical misorientation, the cell walls become
impenetrable by glide dislocations and act more like grain
boundaries, forcing the continual generation of new glide
dislocations. Consequently, the flow stress has two contribu-
tions, one from the cutting of forest dislocations contained
in low-angle cell walls and the other from dislocation
generation due to limitation of the slip distance by higher-
angle cell walls. The flow stress is then given by the
equation:
0 = 0 + Gb + Gb (10)
0 1  f 2
where,
a = lattice friction stress
0
a1 = 0.1 to 1.0, depending on the assumed geometry of
the forest-cutting process
b = Burgers vector of the glide dislocations
pf = average forest-dislocation density derived from
the misorientation of the penetrable cell walls
a2 = geometrical factor related to the perimeter of
the slip plane within cells having impenetrable
walls
d = average transverse linear-intercept between
impenetrable cell walls.
For their material, Fe-0.007 C, the calculated flow
stress was approximately a linear function of strain as was
the measured flow stress, although it accounted for only 1/3
of the latter. The discrepancy between actual and theoretical
strength was attributed partly to uncertainties in their
method of measuring the scale of the substructure, and partly
to the operation of additional strengthening mechanisms like
the redundant work associated with the interfolding of the
cells and grains. The latter requires that extra dislocations
be formed simultaneously with the elongation-producing
dislocations to accommodate the incompatibility of the shape
of adjoining grains or cells. No attempt was made in the
present experiments to check the validity of the above model
because the high-voltage electron microscopy required for
this analysis was not available.
The present author believes that the mechanism of
cellular hardening may be different from that proposed by
Langford and Cohen. Each individual cell contains
dislocations of different densities along its boundary wall,
i.e., each cell wall contains densely populated dislocations
in some areas and thinly populated dislocations in other
areas. This can be pictured as dense two-dimensional arrays
of dislocations with "holes" in some areas; these "holes"
contain only some stray dislocations. There is a critical
dislocation density, depending on their arrangement and the
Burgers vectors of dislocations in the array as well as the
gliding dislocations, above which the dislocation array will
become impenetrable to the glide dislocations and below
which the glide dislocation will cut through the dislocations.
Therefore, when a dislocation gliding on its slip plane inside
a cell reaches the cell wall, the dislocation (instead of
being totally stopped by an impenetrable cell wall or escaping
totally into the next cell through a penetrable cell wall as
proposed in Langford and Cohen's model) partially forces out
into the next cell through the "holes" and expands in this
cell in the same manner as a dislocation loop from a Frank-
Reed source. It will be assumed that the size of the "holes"
on a particular cell wall bears some definite but unknown
ratio to its cell size. With increasing strain, the number
of dislocations in the cell walls increases and, as a result,
the density of forest dislocations in the "holes" increases.
Also, the density as well as the area of the dense dislocation
arrays increases, thereby reducing the effective size of
the "holes".
Since the bowing out of glide dislocations through the
"holes" and intersection of forest dislocations in the "holes"
are operating simultaneously, the stresses necessary to
operate both of these two processes contribute to the flow
stress. The flow stress is then given by the equation:
1
0 + ylKD 2 + a Gb V'bf+ 1 Gb (11)
where, a = friction stress of a single crystal
Yl = 0 to 1.0
K = Hall-Petch slope in absence of cells
D = grain size
£ = size of the "hole" in cell wall
Other parameters are the same as in equation (10). The value
of ai is taken to remain constant, although in most of the
heavily drawn metals the dislocation density within the cells
may increase with the deformation, thereby raising the
friction stress of the glide dislocations. This is because
the cutting of the forest dislocations within the cells occurs
separately from forcing the glide dislocations through the
cell-wall "holes". Also, the stress necessary to force the
glide dislocations through the "holes", cutting the forest
dislocations inside the "holes", is much higher than that
necessary to cut the forest dislocations within the cells.
The contribution of the grain size, KD 2, becomes less and
less important with increasing number of cells in the grains.
Y1 is actually a function of the cell size because the grain
boundaries become less and less distinguishable from cell
walls with increasing strain. In absence of any cell yl has
a value of 1.0 and it gradually goes to 0.0 with the formation
of cells within the grains. The density of forest dislocations
in the "holes" is also a function of the strain, and therefore,
the cell size. The size of the "hole", k, is assumed to be
related to the cell size, d through the simple equation,
=kld, where k1 may or may not be a function of the cell
size. Hence, equation (11) becomes:
1
2 1 --1
= i + Y1 (d)KD 2 + a lGb/p(d) + Gbd (E) (12)
kl(d)
All the parameters can be evaluated experimentally. o. can
1
be determined from Hall-Petch intercept for the yield stress.
yl can be obtained from a plot of flow stress vs. grain size
at constant cell sizes. K is the Hall-Petch slope in absence
of any cell. al = 0.1 to 1.0, depending on the assumed
geometry of the forest-cutting process. pf can be assumed to
be the minimum density of dislocations necessary to produce
the misorientation that exists between a cell and its
neighboring cell. Bl/kl can be determined from the slope of
the a vs. d-1 plot, having pf known for each d.
The reason why some of the previous studies showed a
very simple relation between flow stress and cell size, as
given by equation (7), in which the flow stress is inversely
proportional to the first-power of the cell size is probably
because, in equation (12), ,l' pf and kl are comparatively
weak functions of the cell size; either these parameters are
more or less constant or they are so related to the cell size
that they tend to compensate for one another with changing
cell size. On this basis, the reason why the exponent comes
out to be -1 is that the parameter kl happens to be relatively
insensitive to the cell size for the material in question.
In other instances, an exponent different from -1 may result
if the parameter kl depends on the cell size through a
function of the form im, where m is a fraction. In fact, all
three parameters may be functions of cell size in such a way
that the average straight line drawn through the data points
will produce an exponent different from -1. If all these
parameters happen to be constant and independent of cell size,
then equation (12) becomes the same as equation (7).
Besides the terms that contribute to the flow stress in
equation (12), there may be some other minor contributions
which depend on the material and its deformation behavior.
These possible contributions are: (a) formation of texture
during wire drawing; the wire texture may cause texture
softening or texture hardening depending on the type of the
texture developed. (b) Formation of twins or deformation
bands which appear in some materials. (c) Redundant work
associated with the interfolding of the ribbon-like cells and
grains. (d) Formation of extra dislocations to accommodate
the shape changes of adjoining cell or grains.
In this investigation, the obtainable data were not
sufficient to prove the validity of equation (12).
4.7 Dislocation-Density Measurements
Dislocation densities were measured only in the
commercial grades, i.e., Ti50 and A70, because the dislocations
were found to be distributed uniformly in these two materials,
i.e. cells were not observed. Examination of Ti50 and A70 at
low strains revealed that the dislocations are restricted to
slip bands along the prism planes of the HCP structure. These
dislocations are long, straight, single and parallel lying
at, or close to, pure screw orientations. Figure 15 is an
electron micrograph of A70 after a tensile strain of 0.06,
with the foil plane closely parallel to the basal plane. The
long parallel dislocations are in near-screw orientation and
one prism system is predominantly active, although there is
some activity of a second prism system indicated by single
arrows, as well as the third prism system, indicated by double
arrows. Some debris is present, probably due to edge
dislocations, edge dipoles, and/or elongated prismatic loops
lying nearly normal to the foil plane. With increasing
strain, the dislocation density increases and the distribution
becomes more uniform, but when viewed parallel to basal or
prism planes, the dislocations appear to maintain the
character of being straight and parallel.
Figure 16 is a micrograph of Ti50 after a strain of
1.33. It is obvious that all the three prism systems are
active. The projections of the respective Burgers vectors,
<1120> are denoted by bl, b2 and b3. The dislocations are
again nearly in screw orientation. The dislocations appeared
more wavy than those in A70. In some areas, the dislocations
have produced tangles due to dislocation interactions. With
further increase in strain, the dislocations become more
dense and the degree of dislocation tangling increases.
Figure 17 is a micrograph of A70 after a strain of 2.0 with
the foil plane lying very close to a prism plane. A very
high density of screw dislocations with appreciable tangling
is evident, but definitely there is no tendency for the
dislocations to rearrange themselves into a cellular
configuration.
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Figure 15. Electron bicrograph
Figure 15. Electron Micrograph
of A70 Deformed to a Tensile
Strain of 0.06 with Section
Closely Parallel to the Basal
Plane. 28,000X.
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Figure 16. Electron Micro-
graph of Ti50 Wire Drawn
to a Strain of 1.33.
36,000X.
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Figure 17. Electron Micrograph of A70 Wire
Drawn to a Strain of 2.0 with
Foil Plane Parallel to a Prism
Plane. 24,000X.
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The dislocation arrangement in both Ti50 and A70
appeared to be the same in both longitudinal and transverse
sections.
Since our material did not show much twinning, the
presence of c + a or c dislocations was examined in some
of the foils of Ti50 and A70. Using (0002) and (1011)
reflections with the foil plane closely parallel to {1010}
planes, it was observed that some dislocations having
Burgers vectors with a c component were present. Again,
using (0002) and (1120) reflections, it was found that the
dislocations were of the c + a type.
The mean experimental dislocation densities in Ti50
and A70 are given, together with the corresponding stress
and strain, in Table 4. A number of experimental errors were
considered in these density measurements. (a) The uncertainty
in the magnification of the micrographs is estimated as about
+8 percent. (b) Another uncertainty arises from the foil
thickness. Since it was not possible to estimate the local
foil thickness for the large number of areas examined, an
average value of 2000 R for the foil thickness has been used
for all the calculations here. From previous investigations
this value is not expected to be in error by more than +1000 a
in most cases. (c) Dislocations may be lost from or
introduced into the foil during preparation from the bulk
specimen. This problem was alleviated to some extent by
avoiding taking micrographs from very thin areas and by careful
Table 4
Effect of Strain and Stress on Dislocation Density
Material Strain
Stress
(Kg/mm2 )
Dislocation
Density
(cm- 2)
Ti50
A70
(25p grain
size)
0.06
0.10
0.37
0.76
1.33
1.85
2.30
44.0
49.0
71.5
95.0
111.2
119.5
125.0
2.0 x
2.9 x
6.8 x
1.5 x
2.2 x
3.1 x
3.4 x
1010
1010
1010
1011
1011
101110
1010
1011
1011
1011
1011loi0
0.07
0.22
0.66
1.10
1.56
2.0
74.0
94.0
127.0
148.5
164.0
172.0
2.0 x
5.3 x
1.3 x
2.0 x
2.8 x
3.7 x
_ _
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handling. (d) All the dislocations may not be imaged under
the particular reflecting conditions operating. (e) The
dislocation distribution may be nonuniform from area to area,
grain to grain, and foil to foil. This seems quite likely
in polycrystals since each individual grain experiences a
unique combination of constraints imposed by surrounding
grains during plastic deformation. Despite these uncertainties,
the dislocation densities observed in different micrographs
fell within a scatter band of +20 percent of the arithmatic mean.
Figure 18 shows a plot of dislocation density against
true strain for both Ti50 and A70. Both the materials show a
rapid increase in density, this increase being approximately
linear with strain, except for the last data point for
Ti50. Conrad(22), however, has reported two distinct linear
regions upto a tensile strain of 0.16. This change in rate of
increase of dislocation density, from a rapid one to a slow
one, occurred at a strain corresponding to end of the yield
extension. We had no opportunity to confirm this change in
slope because our measurements were made at much higher
strains. A70 shows a higher rate of increase of dislocation
density with strain. Conrad(22) also found a larger slope
for titanium with higher interstitial content.
The linear relation between dislocation density, p,
and strain, c, can be expressed similar to equation (2):
p = po + AS (13)
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Figure 18. Effect of Strain on Dislocation Density in A70 and Ti50.
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where po is dislocation density at essentially zero strain,
and A is a constant. po is very difficult to determine from
the graph, and also no attempt was made to measure p from
the micrographs because of the very low density. The value of
10 -2 10A is found to be 17.1 x 10 cm for Ti50 and 18.7 x 1010
-2
cm for A70. Therefore, the rate of dislocation multiplication
is higher (and/or the rate of recovery is lower) per unit strain
in titanium with the higher interstitial content.
The flow stress is plotted against the square-root of
the mean dislocation density in Figure 19. The data points
fall on a straight line, consistent with equation (3):
1
2S= af + aEbp
The values of af obtained from Figure 19 are 17.0 Kg/mm2 and
44.0 Kg/mm2 for Ti50 and A70 respectively. The values of
the constant a determined from the slopes are 0.56 and 0.64
for Ti50 and A70 respectively. The observed linear relation-
ship between the flow stress and the square-root of the
dislocation density is in accord with a number of strain-
hardening theories. Equations (3) and (13) together allow for
a parabolic stress-strain relation except at very small values
of the strain. Our stress-strain curves are approximately
parabolic in nature upto about a strain of 1.8 before they
become approximately linear. The reason the last data point
in the p vs E plot for Ti50 (Figure 18) deviate from the
straightline relationship is that it corresponds to strain in
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the linear region of the a-c curves. This deviation of
dislocation density towards lower values at higher strains
or the transition in the stress-strain curves from parabolic
to linear behavior reflects the fact that the rate of
dislocation multiplication has slowed down, and/or the rate
of recovery has increased, in this strain region. A higher
rate of recovery can be attributed to an increased rate of
cross slip because of the very high stress level.
4.8 Formation of Cells
In the plastic deformation of metals and alloys, it
has been often observed that the dislocations cluster into
cell walls, separating relatively dislocation-free regions.
The actual mechanism of formation of this cellular structure
is not yet clearly understood. But it is recognized that
the driving force for the dislocations to cluster into a
cellular network arises from a reduction in the total
elastic energy of the dislocations. Another requirement
for cell formation is that dislocations must have sufficient
mobility out of their slip planes through processes of cross-
slip or climb(53-56).
Several theories of cellular formation have been
proposed in the past but none has recieved adequate experi-
mental support. Seeger(57) proposed that the cell structure
results from the cross-slip of screw dislocations from pile-ups
behind Lomer-Cottrell barriers. Many of these screw disloca-
tions are thought to be annihilated by screws of opposite sign
on other parallel slip planes and the remaining edge
dislocations on the cross-slip plane then form the tilt
boundaries of the substructure. Hirsch(58) suggested that
the cell structure is formed by the cross-slip of screw
dislocations from their original slip planes to form relatively
strain-free cell walls. Gay et al. (59) have proposed a
mechanism in which the cell walls are formed from slip bands.
Heidenreich(60) postulated that the cell structure originates
from a polygonization of an initially uniform distribution of
dislocations. Kuhlmann-Wilsdorf et al. (61) visualized that a
screw dislocation moving in the primary slip plane interacts
with voids, vacancies, or vacancy aggregates to form jogs or
prismatic loops. The heavily jogged dislocations then find
it difficult to move, and some segments become pinned so
effectively that they act as dislocation sources. Also, if
the jogs themselves are long enough, they too may act as
sources on different slip planes. These two sources will
interfere with each other and may induce additional cross-
slipped segments that will again act as sources. The
expanding loops continue to interact with the defect
concentration and thus the process "mushrooms" until the
operating stress is too low to cause the loops to propagate
further, i.e., when the dislocation density in the tangled
walls becomes too large or the defect concentration is too
low. The growth in number of the tangled walls eventually
leads to the formation of a cellular structure.
Recently, Holt(62,63) analyzed the generation of a
dislocation cell structure from a uniform distribution of
parallel screw dislocations with positive and negative Burgers
vectors, using an approach analogous to that employed for
spinodal decomposition of a supersaturated solution. The
results of this analysis indicate that dislocations of like
sign will segregate into cell walls whose spacing, d, will be
proportional to the inverse square-root of the dislocation
density, i.e. p . And since the flow stress, a, is
proportional to p2 , one can derive the relation: a is
proportional to j-1, which has been observed in many previous
experiments (Section 4.5). This mechanism assumes a highly
idealized situation - a uniform distribution of dislocations
consisting of only parallel screw dislocations; also there is
no annihilation of positive with negative dislocations not-
withstanding the need for sufficient mobility of the
dislocations. Moreover, on those occasions when cell walls
have been examined closely, their structure has always consisted
of dislocations with more than one Burgers vector along with
small edge dipoles, which is not consistent with the above
analysis. Actually this theory shows that a uniform array of
dislocations is unstable and so they cluster together, but it
does not explain how the end product, i.e. the continuous cell
walls are formed. Moreover, none of the electron microscopic
observations has shown this type of dislocation-density
modulation during the initial stages of cellular formation.
The present research as well as some of the previous
investigations(22-24) indicate that high-purity titanium
always show a tendency to form a cellular structure, whereas
addition of interstitial atoms or substitutional aluminum
atoms (see appendix for a description of the dislocation
structure in the deformed Ti-4A1 alloy) produces a parallel and
planar distribution of dislocations. Williams and Blackburn(23)
reported that in titanium containing 0.3 to 0.6 atomic pct
oxygen a cellular structure was found with an average cell
diameter of 0.5 to 1.0 microns. Although our Ti50 contained
less oxygen than their material and it did not show any
cellular structure, it can be concluded that the other inter-
stitial elements also have an influence on cellular formation.
Williams et al. did not report the N, C and H contents of their
material and so no estimate could be made regarding the effect
of these interstitials.
Whatever the mechanism of cell formation in titanium
may be, the presence of solid-solution atoms obviously
influences the dislocation structure. We have analyzed the
different kinds of effects by which the interstitial or
aluminum content can influence the deformation behavior of
titanium, and they are as follows: (a) Ordering of the
interstitials or aluminum atoms in the lattice, causing
cross-slip to be more difficult; (b) activation of an
increasing number of slip systems with increasing impurity
content; (c) lowering of the stacking-fault energy with
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increasing solid-solution concentration; and (d) preferential
elastic interaction of solute atoms with edge and screw
dislocations.
4.8.1 Ordering of Solute Atoms
Sommer and Tung(24) found that titanium shows a trend
toward more wavy glide from planar glide with increasing
deformation temperature as well as with decreasing oxygen
concentration. Commercial-purity titanium exhibits this
transition at low temperature, whereas the high-purity
titanium does not seem to display a well-defined transition
even at 77 K. The commercial-purity titanium deformed at
temperatures within the transition range shows an increasing
extent of cross-slip out of the planar bands with increasing
temperature. The above authors have attributed the formation
of planar dislocation arrays and the associated reduced
propensity for cross-slipping to short-range order of the
oxygen interstitial atoms in the matrix. They suggested that
the ordering exhibited in more concentrated Ti-O solid
solutions(64) are preceded by short-range ordering in the more
dilute solutions which they examined. Based on a similar
argument, Blackburn and Williams(23) considered the change in
dislocation arrangement with increasing aluminum content (from
a cellular to a planar distribution) to arise at least in part,
from the development of short-range order and ordered particles.
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In the case of Ti-O solid solutions, a direct proof of
short-range order or lack thereof is experimentally very
difficult, since oxygen has a low scattering power for X-rays
and electrons. But in case of Ti-Al solid solutions, it has
been shown(65) that coplanar dislocation arrays form in a
Ti-5.1 wt pct Al alloy and neither short-range order, nor small
domains, nor an ordered phase, occur in this alloy. Hence, the
tendency to reduced cross-slip in the presence of aluminum must
be attributed to some other cause.
We deformed our IoTi and Ti50 to a strain of about 1.5
at 77 K and 5500K in order to see whether there is any change
in dislocation structure that might be due to short-range
order. It was found that the IoTi deforms predominantly by
twinning at 77OK with some cellular formation, whereas at
575 K the cellular structure is produced without any
twinning, the cells being larger than those noted at 2980K.
On the other hand, at 770K, Ti50 undergoes appreciable
twinning with a uniform distribution of dislocations, both in
the matrix as well as within the twins. At 575 0 K, too, Ti50
exhibits a uniform distribution of dislocations in all areas
and there is no twinning, the dislocation density being
smaller than that at room temperature. This dislocation
structure does not seem to show any tendency toward cell
formation whatever. Therefore, it can be concluded that
either the temperatures of short-range ordering for both
materials do not lie within the examined range of temperatures
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or the transition from a disordered to short-range ordered
structure does not affect the dislocation structure at all.
Probably the latter is true because according to the
experimental observations(24), the transition temperature of
our Ti50 should lie somewhat above room temperature, unless
the other interstitial elements, besides oxygen, affect this
transition temperature.
In this context, it should be mentioned that, although
Sommer and Tung(24) observed a change in slip mode from planar
to wavy or vice versa, none of their micrographs showed a
cellular structure; however, this could be because they
deformed their material only upto 1.5 pct strain which may not
be enough to produce cells. Moreover whether wavy glide
always leads to a cellular structure is still open to question.
4.8.2 Operating Slip Systems
Since cell walls, in general, do not show any
particular orientation relationship to the crystallographic
planes, it seems probable that conditions for cell formation
are more favorable when a larger number of slip systems are
operating. Previous experiments(12) on single crystals of
a-titanium showed that the critical resolved shear stress
(CRSS) for slip on prism planes is less than that on
pyramidal planes, and the latter is again less than that on
the basal plane. Crystals in which the combined oxygen and
nitrogen content was 0.01 wt pct showed that the ratio between
103
the CRSS for slip on a prism plane and that on the basal plane
was approximately 1:3, whereas for crystals with combined
oxygen and nitrogen content of about 0.1 wt pct, this ratio was
found to be 1:1.186 and the ratio between CRSS on a prism plane
and that for a pyramidal plane 1:1.076. Accordingly, with
increasing oxygen and nitrogen content, there is an increasing
activity of the pyramidal and basal slip systems.
In other recent experiments, the same result has been
observed, i.e. slip on pyramidal and basal planes becoming
more prominent in materials with higher aluminum and oxygen or
other interstitial contents. Therefore, if the activity of a
larger number of slip systems were the cause of cell formation,
we would expect less tendency for cell formation in the purer
titanium, but this is exactly opposite to our findings.
4.8.3 Effect of Solid Solution on Stacking-Fault Energy
It has been recognized in the past that cross-slip is
an essential process for cell formation because it allows screw
dislocations to move out of their slip planes, especially when
climb of edge dislocations is very difficult. This is the
case in titanium, there being relatively little atomic mobility
at room temperature. The extent of cross-slip depends on the
stacking-fault energy (SFE). In the past magnitude of SFE was
found to determine whether or not a cell structure is formed,
since a lowering of SFE impedes cross-slip.
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In a study of how aluminum affects the SFE of titanium,
Metzbower(38) investigated the variation of stacking-fault
probability with aluminum content by means of X-ray line
broadening studies; a direct measurement of SFE was not
possible due to the very high SFE of titanium. Since the SFE
is known to vary inversely as the stacking-fault probability(66),
the latter can be used as an indicator of the activity of
cross-slip. Metzbower's measurements showed that the stacking-
fault probability increases with the aluminum content in an
exponential way. This observation, associated with the fact
that an increasing aluminum content in titanium has been found
to change the cellular dislocation structure in pure titanium
to planar arrays of dislocations in Ti-Al alloys(23,65,67),
suggests that a decrease in SFE may be the major underlying
cause for the formation of planar dislocation arrays in Ti-4A1
alloys.
For the present investigation, the determinations of
stacking-fault probability in IoTi, Ti50 and A70 were kindly
performed by Dr. E. A. Metzbower at the Naval Research
Laboratory of Washington, D.C., in a similar way as his
previous investigation(38). The preliminary results obtained
by Metzbower are given in Table 5. Since, along with stacking-
fault probabilities (or densities), the size of the coherently
diffracting domains and lattice strains introduced by plastic
deformation contribute to the X-ray line profiles, the values
of domain size and lattice microstrain are also shown. It
can be seen that both stacking-fault probability and
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Table 5
Stacking-Fault Probability, Microstrain,
and Domain Size in Severely Deformed
IoTi, Ti50 and A70*
Material
Domain
Size (A) Microstrain
Stacking-Fault
Probability
4 x 10-6
8 x 10
19 x 10-619 x i0
16 x 10-4
-4
31 x 10-4
78 x 10-4
* These X-ray measurements were kindly performed by
Dr. E. A. Metzbower at the Naval Research Laboratory.
IoTi
Ti50
225
260
210A70
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microstrain increase with increasing interstitial content,
while the domain size changes unsystematically, being highest
for Ti50 and lowest for A70. The SFE of IoTi is about two
times higher than that of Ti50 and about five times higher than
that of A70. Therefore, it is likely that the cell formation
in IoTi is due to a higher propensity of cross-slip in the IoTi
than in the Ti50 and A70.
The question now arises, on which planes do the
dislocations dissociate - prism, basal, or pyramidal? The
atomic configurations in the (0001) plane of the HCP structure
and in the (111) plane of the FCC structure are identical, the
closest-packed direction being [1120] or [110], i.e. the slip
direction. Heidenreich and Shockley(68) have shown that a
unit slip dislocation in these planes reduces its energy by
dissociating into two partial dislocations. A similar
dissociation of a unit dislocation is possible on the prism
planes, but energetically it is not very favorable because
the co-ordination number is reduced to 11 in the intermediate
position. On the pyramidal plane, no dissociation seems
energetically favorable inasmuch as only alternate pairs of
[1120] rows are close-packed. Therefore, we deduce that the
dislocations can dissociate most favorably on basal planes
in the HCP structure. Blackburn(69) has observed dislocations
dissociated in the basal planes in the a-titanium phase of a
titanium alloy. It is also probable that the dislocations
dissociate on prism planes, too, but to a lesser extent.
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Recently, Akhtar(70) studied the influence of temperature
and strain rate on the stress at the onset of stage III for
single crystals of a-titanium, and obtained the SFE on prism
planes as 77 ergs/cm 2 which, he suggested, is consistent with
the dislocation dissociation of the type a/3[1120] -÷ a/9[1120]
+ 2a/9[1120]. By using basal-slip data, the energy to form a
constriction for double cross-slip was estimated as 2.4 eV,
which corresponds to a separation of partials of 9b on the
prism planes and this is in close agreement with SFE of 77
ergs/cm 2 estimated on the basis of prismatic-slip data.
It is highly probable that the dislocation segment
which cross-slips on to the basal plane dissociates
immediately after cross-slip, and in that case the partials
have to recombine again before they cross-slip back on the
prism plane for continued motion. Therefore, the dissociation
that involves higher constriction energy will be the rate-
controlling step for the double cross-slip process, and this
energy will appear as the activation energy of the overall
process. The present author believes that, since screw
dislocations lie in the basal plane and edge dislocations lie
normal to it, the screw dissociates into Shockley-type
partials on the basal plane while edge dissociates into
(probably) 1/9[1120] and 2/9[1120] type partials on the
prism plane. The Shockley partials have to coalesce before
the screw moves on to the prism plane, and during subsequent
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motion the screw probably dissociates into 1/9[1120] and
2/9[1120] partials on the prism plane; this dissociation
lowers the energy of the screw. Again, during the reverse
cross-slip the screw dissociates into Shockley partials while
it is on the basal plane.
In the above considerations, both types of stacking-
faults will contribute to the stacking-fault probability.
Hence, the fact that the stacking-fault probability increases
with increasing impurity content does not prove conclusively
that the propensity to cross-slip decreases in the same way,
because the increase in stacking-fault probability could be
due to a decrease in one or both of the two stacking-fault
energies. However, it is likely that an increase in
stacking-fault probability is due to a decrease in stacking-
fault energy on the basal and/or prism planes, so that double
cross-slipping becomes increasingly difficult, producing
planar dislocation arrays instead of a cellular structure.
4.8.4 Elastic Interaction of Solute Atoms with Dislocations
A solute atom, either interstitial or substitutional,
might have different elastic interactions with screw and edge
dislocations. Cochardt et al.(71) showed by elastic energy
calculation that in BCC a-iron the interaction between a screw
dislocation and the tetragonal distortion of the lattice due
to a carbon interstitial has about the same strength as for
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an edge dislocation but if one compares the accumulation of
carbon atoms around screw and edge dislocations, then the
total interaction energy becomes roughly twice as much for
screw dislocation as for edge dislocation. This is because
the screw can bind roughly twice as many interstitial atoms.
Later Schoeck and Seeger(72) deduced that, if the dislocation
locking due to atmosphere formation needs diffusion of inter-
stitials over long distances, then the locking due to the
Snoek effect takes place merely by atomic rearrangement
between neighboring lattice sites in a much shorter time.
However, the Snoek effect is less pronounced for edge
dislocations than for screws because the difference in
interaction energy between different sites is smaller around
edge dislocations. For FCC metals Mifune and Meshi(73)
showed that, for a slightly extended dislocation, a screw
dislocation experiences a larger resistance from a tetragonal
distortion of the lattice due to an interstitial atom than
does an edge dislocation.
No calculation on elastic interactions between the
tetragonal distortion field due to interstitials and
slightly extended dislocations in a-titanium has been carried
out so far. But in consideration of the fact that intersti-
tial atoms have stronger locking effect on screw dislocations
than on edge dislocations in both BCC and FCC structures (for
slightly extended dislocations), it is probable that the
interstitials in HCP might also have a stronger locking effect
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on screw dislocations. This means that edge dislocations
should move increasingly faster compared to screw dislocations,
the higher the interstitial content. This situation can be
illustrated by contrasting the dislocation structures of IoTi
with those of Ti50 and A70 after slight deformation. In
Figure 8 the dislocation structure of IoTi contains small
segments of dislocations consisting of both screw and edge
orientations, whereas in Figure 17 the dislocation structure
of A70 shows long and parallel dislocations of screw orienta-
tion without any obvious edge orientation.
As mentioned earlier, a similar difference between the
two structures has been reported by other workers as well.
This difference probably arises because, in A70 material, the
edge dislocations formed during plastic deformation move much
more rapidly than do the screw dislocations and so they tend
to move out of the matrix while the screw dislocations are
left behind. Another way to account for the edge component
being almost completely absent in deformed Ti50 and A70 is
that, by some process, the edge dislocations efficiently
annihilate one another. But this can occur only by means of
climb, which is highly improbable because of the extremely
low atomic mobility at room temperature.
Although the dislocation structure of deformed A70
demonstrates very well that the velocity ratio of edge to
screw dislocations is quite high, the dislocation structure
of deformed IoTi does not prove conclusively that this ratio
is less than that for deformed A70. But if this velocity
ill
ratio is assumed to be lower, the dislocation structure of
deformed IoTi can be explained. We now propose the following
model for the mechanism of cell formation in high-purity
e-titanium.
The basic idea of this mechanism is that, since the
screw dislocations move faster in high-purity than in
commercial-purity titanium, the screw velocity becomes more
comparable to edge velocity, the purer the material is, and
this allows more dislocation interactions to occur between
edge and edge as well as between edge and screw dislocations.
When the stress is first applied, the Frank-Read sources
start to function at randomly distributed sites in the matrix
and the resulting dislocation loops expand and move on the
operating prism planes. An analysis of Schmid factors for
three different sets of prism planes shows that, for any
direction of applied stress, all sets of prism planes are
activated to different extents, except in the case of some
particular orientations when only two sets of prism planes
operate to the same extent. Therefore, Frank-Read loops
will usually expand on all three sets of prism planes. The
shape of these loops depends upon the velocity ratio of the
edge and screw dislocations (Ve/Vs). If we assume the shape
of these loops to be rectangular in a given instance, then a
higher Ve/V s will produce a more elongated rectangle of
higher L /L ratio where L and L are the lengths of the
screw and edge components respectively.
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While expanding, these loops may approach one another
on different atomic planes, either on inclined prism planes
or on parallel prism planes depending on how the two Frank-
Read loops originated. Under these conditions, the screw
component of one loop may approach the screw component of
the other loop, or the edge component of one may approach
the edge component of the other. If two screws of the same
Burgers vector approach each other, then either one or both of
them, at least the length of segments that overlap, will
cross-slip away from each other on the basal plane due to
repulsive force between them. Calculations showed that the
magnitude of this force of repulsion between two screw
dislocations on different prism planes is strong and that
there is an equally strong force favoring basal cross-slip.
This process of cross-slip is much easier in purer titanium
because the CRSS on the basal plane is very low in pure
titanium and increases rapidly with increasing interstitial
or aluminum content. Also, the SFE might be the controlling
factor in cross-slip, depending on its magnitude with respect
to the friction stress on the basal planes, and since SFE
seems to decrease with increasing impurity, the cross-slip
will be easier in the purer titanium. Therefore, in IoTi,
the screw components can pass each other through double
cross-slip, whereas in Ti-4A1, Ti50 or A70, with a CRSS about
2 to 3 times and stacking-fault probability about 2 to 5
times those of IoTi, the screw components, being incapable
of cross-slipping are obstructed, cut through or simply pass
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each other, depending on the resolved shear stress. If the
screws cut through each other, then they produce jogs on
basal plane and become less mobile. This was observed in
the micrographs of A70 and Ti50 where the long screws
appeared heavily jogged. In the process of double cross-slip
in IoTi, the screw dislocations will produce dipoles.
On the other hand, if screws of opposite Burgers
vector approach each other, there will be an attractive force
between the two and they will tend to cross-slip toward each
other on basal plane, annihilating each other. In Ti-4A1,
Ti50 or A70, however, this annihilation is inhibited by the
higher CRSS and lower SFE. In IoTi, the screw segments of
opposite sign will annihilate each other depending on the
distance between them and the length of overlap. In impure
titanium, Ls/Le tends to be larger than in pure titanium and
therefore, impure titanium is expected to produce long and
parallel arrays of screw dislocations; that is what we
observe in the micrographs. It is also possible that the
two screws of different Burgers vectors react to form a short
segment with a Burgers vector parallel to the third close-
packed direction and this segment will probably move on the
third prism plane. This reaction is possible if cross-slip
can occur, which is more probable in IoTi.
If two edge components of the same Burgers vector
approach each other then there will be a repulsive force
between the two, and the dislocation segments will be
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prevented from further motion unless the resolved shear stress
is large enough to push one past the other. But if edges
of opposite Burgers vector approach each other, there will be
an attractive force between the two, depending again on the
distance between the two segments and the length of overlap.
Now if the total attractive force is not large enough, the
segments will cross past each other under the resolved shear
stress, whereas if the attractive force happens to be
large compared to resolved shear stress, the segments will
form a dipole by the edge-trapping mechanism, as proposed by
Tetelman(74). Since in purer titanium Ve/Vs is smaller,
i.e. Le/L s is larger, than in impure titanium, the probability
that the edge component of an expanding loop will overlap
that of another expanding loop in its vicinity is higher in
the purer titanium. Also, the length of overlap of the
edge components will be larger in purer titanium, resulting
in a stronger attractive force and, correspondingly, a larger
number of stable dipole formations. Moreover, since the
edge-trapping mechanism requires cross-slipping on the basal
plane, dipole formation will be highly hindered in impure
titanium. The present investigator as well as Williams and
Blackburn(23) observed many dipoles and loops in the purer
titanium with the cellular structure, and the number of
these dipoles and loops decreased with increasing interstitial
or aluminum content that resulted in a planar distribution of
dislocations.
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Let us now examine the interactions between the glide
dislocations and the dipoles produced by edge-trapping as well
as double cross-slipping in IoTi. Chen et al.(75) have
shown that the stress fields of edge dipoles are able to trap
other edge dislocations moving on planes nearby, i.e. the
trapping "cross-section" of a dipole for an approaching
dislocation is quite extensive. Later, Neumann(76) showed
that, besides trapping, decomposition and rearrangement of
dipoles are also possible, depending on the distance of the
slip plane from the dipole.
Fourie and Murphy(77) found that an edge dipole can also
act as an effective obstacle to the motion of a screw disloca-
tion. The screw component at the end of the dipole interacts
with the approaching screw dislocation of either like or
unlike Burgers vector, and can effectively pin the dislocation.
A careful study of Figure 20 reveals that small segments of
dislocations are pinned at several points which are
supposedly dipoles, and the small specks and loops in the
matrix are undoubtedly dipoles viewed end-on in that the foil
plane is closely parallel to the basal plane.
The moving dislocations, therefore, tend to get pinned
at the dipoles and cross-slipped segments and form a network
which, in turn, acts as a barrier to the subsequently moving
dislocations. Since dislocations are moving in all directions
corresponding to the gliding on three sets of prism planes as
well as the cross-slipping on basal planes, this network will
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Figure 20. Electron Micrograph of IoTi After
a Tensile Strain of 0.04. 26,000X.
.* _____ r
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eventually produce a continous wall of dislocations, i.e.
cell walls.
According to this model, the essential requirements
for the formation of cells are (1) that the velocity ratio of
edge to screw dislocations should not be very high so that
edge dipoles can form during the initial stages of deformation
and (2) that the friction stress on the cross-slipping plane
and stacking-fault probability should not very very high so
that cross-slipping can take place easily due to interaction
force betwen the screw dislocations. Ti50, A70 and Ti-4A1
all have a high velocity ratio of edge to screw dislocations
as is evident from the electron micrographs, and also have a
higher friction stress on basal plane and lower stacking-
fault energy because of the presence of solute atoms; that is
why these materials do not show a cellular structure. The
requirements of dipole formation and/or easy cross-slip for
the formation of cells can be substantiated by the facts that
(1) most metals show dipoles in the cell walls, (2) fatigued
metals exhibit large numbers of dipoles and they readily form
cells, and (3) most metals show increasing tendency toward
cell formation with increasing stacking-fault energy, making
cross-slip easier.
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5. CONCLUSIONS
1. Hexagonal close-packed titanium strain hardens
approximately linearly above a strain of 2.0.
2. The total interstitial alloy content, except H,
strongly effects the rate of strain hardening, whereas
aluminum as a substitutional alloy element appears to
have only a minor effect on this rate. Grain size also
has minor effect.
3. At high strains, the strain hardening rate of HCP
titanium is less than that of BCC metals, but higher
than that of FCC metals.
4. The effect of grain size on the flow stress of
a-titanium becomes less important with increasing
strain.
5. The fiber texture of wire drawn a-titanium is <0110>,
but this is not a major factor in the strain-hardening
process.
6. High-purity titanium shows a cellular structure after
a strain of about 6 pct, whereas commercial-purity
titanium shows a general distribution of dislocations
at all strains tested.
7. The strain-hardening behavior of high-purity titanium
is governed by the mean transverse linear-intercept
cell size (d) according to an equation of the form
a = a + kdi , whereas commercial titanium strain
hardens by increasing dislocation density according to
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the equation o = ao + oEbV-, probably via a forest-
cutting mechanism.
8. The interstitial alloy content increases the stacking-
fault probability of a-titanium.
9. It is suggested that the cells come into existence
through formation of dipoles and cross-slip of screw
dislocations on basal planes. In impure titanium,
both dipole formation and cross-slip become more
difficult due to the lowered velocity ratio of screw-
to-edge dislocations together with a higher friction
stress and/or higher stacking-fault energy.
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6. SUGGESTIONS FOR FUTURE WORK
1. It has been established in this work that the effective
interstitial content (total minus hydrogen content)
influences the strain-hardening rate of a-titanium at
large strains. It would be desirable to determine the
effect of interstitial elements singly on this rate,
by varying only one interstitial element at a time.
Also, the effect of Al alone should be evaluated by
keeping the total interstitial content fixed.
2. Single crystals of commercial-purity a-titanium
should be wire-drawn to eliminate the effect due to
grain boundary and texture to study the detailed
dislocation interactions which are responsible for
the strain hardening.
3. A theoretical study should be conducted of the stress
field about an interstitial or substitutional atom
in HCP titanium and how this interacts with
dislocations, so that the experimental results can
be checked against theoretical predictions.
4. The stacking-fault energy of dissociated dislocations
in a-titanium should be determined by other methods,
e.g. from the variation of shear stress for the onset
of stage III hardening with temperature and strain
rate. If the stacking-fault probability increases
with increasing interstitial content as observed in
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in this research, then at very large interstitial
contents the dissociation of dislocations into partials
might be observed directly with transmission electron
microscopy, at least by weak-beam techniques. Once
observed, the stacking-fault energy, the nature of the
partial dislocations, and the plane on which they
dissociate can be established.
5. A detailed Burgers-vector analysis of the dislocations,
present in slightly deformed high-purity titanium during
the initial stages of cell formation should be performed
to shed more light on the mechanism of cell formation.
6. High-voltage transmission electron microscopy should be
used to evaluate the misorientation between the cells
and its variation with strain. At the same time, one
could investigate the details of the dislocation
arrangements and their Burgers vectors on the cell
walls.
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APPENDIX
In order to study the effect of a substitutional
alloying element on the strain-hardening behavior of a-
titanium, a titanium-4 wt pct aluminum alloy was subjected
to severe plastic deformation by wire drawing. This alloy
was prepared by the Battelle Memorial Institute using an
electrolytic grade of titanium, designated as ELXX obtained
from the Titanium Metals Corporation of America, and high-
purity aluminum (99.99 percent). The titanium-4 Al alloy
was obtained in the form of centerless-ground rod of 0.25-
inch diameter with the following composition in ppm; 0, 370;
C, 80; N, 140; H, 62; Fe, 90. The Al content was
-26.24 x 10 atom fraction (3.75 wt pct); the total inter-
-2
stitial content was 0.06 x 10-2 atom fraction and total
-2
oxygen equivalent was 0.071 x 10-2 atom fraction.
The rod was annealed as received at 650 C for 30 min
and the resulting grain size was 28p.
Figure 21 shows the strain-hardening behavior of the
Ti-4A1 alloy, the curve being drawn through the yield stress
values of the drawn wires. This material did not show any
noticeable yield drop, and the yield stress was measured at
0.2 pct strain offset. The graph indicates that the strain
hardening is parabolic at the beginning and gradually
becomes linear at higher strains. This transition takes
place at a strain of about 1.6, which is little higher than
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that for IoTi but lower than for Ti50. The maximum strain
achieved was limited by the initial diameter of the rod and
not its ductility.
The rate of strain hardening at higher strains is about
7.8 Kg/mm2 which is slightly greater than that of IoTi (= 7.1
Kg/mm2 ) and much less than that of Ti50 (= 10.1 Kg/mm2). Since
the total interstitial content, except for H, of Ti-4A1 is
somewhat larger than that of IoTi but much less than that of
Ti50, and the fact that H atoms produce practically no
distortion in the a-titanium lattice because the atomic size
is smaller than the octahedral interstitial site in the
lattice, it can be concluded that the rate of strain hardening
is strongly influenced by the effective interstitial content,
whereas the substitutional content has a very minor effect on
this rate. In the case of binary iron alloys, it has also
been found that the substitutional alloy content contributes
to the rate of strain hardening in a minor way(78).
The dislocation structure of Ti-4A1 was found to be
very similar to that of Ti50. Figure 22(a) shows an electron
micrograph after a strain of 0.22. All three prism systems
are active and the dislocations lie on prism planes with
near-screw orientations. This micrograph was taken under
"three-beam" conditions. A strong (0110) spot and a weak
(1011) spot were present in the diffraction pattern. The
faint dislocation images of Burgers vector b3 are due to the
weak (1011) diffraction, since g-b = 0 for g = 0110.
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The dislocation density increases with strain, but the
distribution remains rather uniform without much evidence of
a cellular structure (Figure 22b). However, in a few areas,
signs of cell formation can be detected, indicating that this
composition happens to lie near the transition between the
cellular and planar dislocation structures. It should also
be mentioned that the Ti-4A1 contains more twins than does
the unalloyed titanium and the amount of this twinning
increases with deformation.
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Figure 22. Electron Micrograph of Ti-4A1.
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